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Recent experiments have shown that many samples 
of uranium irradiated at up to 600° C without large 
temperature fluctuations do not swell by more than 
a few per cent, and electron microscope studies indicate 
that the fission product gases are contained at high 
pressures in bubbles of less than a micron in diameter. 
The existing theories of swelling are inapplicable to 
this situation for they assume that gas collects in 
large bubbles, probably nucleated on inclusions, and 
which grow by macroscopic plastic deformation of the 
material between them. 

It is shown in the present paper that fine scale 
bubbles are to be expected in reasonably pure material, 
the bubbles nucleating either homogeneously with a 
spacing less than a micron or on any nucleation sites 
that may exist on this or a finer scale. The dislocation 
lines and nodes should provide suitable nucleation 
sites as they have about the right spacing and their 
stress fields should attract the large inert gas atoms 
to form Cottrell atmospheres. 

The bubbles when once nucleated grow by a vacancy 
diffusion mechanism, the vacancies being created by 
the fission process. At temperatures above some value, 
which in certain cases may be as low as about 300° C, 
the influx of vacancies is sufficient to prevent the gas 
pressure in a bubble from exceeding the surface 
energy restraining force by more than an order of 
magnitude, in which case dislocation mechanisms of 
plastic deformation should not operate. If the sinks 
for point defects accept interstitials more readily than 
they do vacancies, an enhanced growth can occur at 
the lower temperatures due to condensation of the 
excess vacancies on to the bubbles. 


De récentes expériences ont montré que de nombreux 
échantillons d’uranium irradiés jusqu’a 600°C sans 
grandes fluctuations de température ne gonflent pas 
de plus de quelques pour cent et les examens au 
microscope électronique indiquent que les gaz produits 
par la fission sont contenus sous haute pression dans 
des bulles d’un diamétre inférieur au micron. Les 
théories actuelles de gonflement sont inapplicables & 
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ces faits car elles supposent que le gaz se rassemble en 
grandes bulles, prenant probablement naissance a 
partir des inclusions. Leur croissance s’effectue par 
une déformation plastique macroscopique du matériau 
situé entre elles. 

Dans le présent mémoire, on montre qu’on doit 
s’attendre dans un matériau raisonnablement pur, 
soit & une germination homogéne avec un espacement 
inférieur au micron, soit & une germination en des sites 
qui peuvent exister a cette échelle ou a une échelle plus 
petite. Les lignes et les noeuds de dislocation fourni- 
raient les sites convenant a la germination, puisqu’elles 
ont environ lespacement correct et leurs champs de 
tension attireraient les grands atomes de gaz inerte 
pour former des atmosphéres de Cottrell. 

Les bulles, dés leur germination, grossissent par un 
mécanisme de diffusion de lacunes, celles-ci étant 
eréées par le phénoméne de fission. Aux températures 
supérieures & une certaine valeur, qui dans certains 
cas peut étre aussi basse qu’environ 300° C, la création 
des lacunes est suffisante pour empécher que la 
pression des gaz dans une bulle excéde l’énergie super- 
ficielle, limitant la force de plus d’un ordre de grandeur. 
Dans ce cas, les mécanismes de dislocation de défor- 
mation plastique n’interviendraient pas. Si les “‘puits”’ 
pour défauts ponctuels acceptent les intersticiels plus 
facilement que ne le font les lacunes, un grossissement 
des bulles, facilité par ce mécanisme, peut se produire 
aux températures plus basses en raison de la conden- 
sation des lacunes en excés dans les bulles. 


Bei neueren Experimenten zeigte sich, dass zahlreiche 
Uranproben, die bei Temperaturen bis zu 600° C be- 
strahlt wurden, bei sich wenig andernder Temperatur 
ihr Volumen nur um wenige Prozent vergréssern. 
Dabei sind nach elektronenmikroskopischen Befunden 
die gasférmigen Spaltprodukte in Blaschen mit einem 
Durchmesser von weniger als 1 ~ unter hohem Druck 
eingeschlossen. Auf diesen Fall lassen sich die bis- 
herigen Vorstellungen tiber die Volumenanderung der 
Proben nicht anwenden, wonach angenommen wird, 
dass sich das Gas in grossen Blasen sammelt, welche 
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wahrscheinlich an Einschliissen entstehen, und dass 
diese Blasen unter makroskopischem plastischem 
Fliessen des umliegenden Materials wachsen. 

In der vorliegenden Arbeit wird gezeigt, dass kleine 
Gasblasen in verhaltnismiéssig reinem Material zu 
erwarten sind. Dabei entstehen die Blasen entweder 
in homogener Verteilung in Abstaénden von weniger 
als 1 w oder an bevorzugten Stellen, die einen ahnlichen 
oder einen geringeren Abstand voneinander haben. 
Bevorzugte Stellen fiir diese Keimbildung sollten die 
Versetzungslinien und deren Knotenpunkte darstellen, 
da sie ungefahr den richtigen Abstand voneinander 
aufweisen und da ihre Spannungsfelder die grossen 
Atome der inerten Gase unter Bildung von Cottrell- 
Wolken anziehen sollten. 


1. Introduction and Experimental Results 


1.1 InrrRopucTION 


Theories of the growth of bubbles due to the 
precipitation of fission product gases in irradi- 
ated fissile material have generally assumed that 
bubble nucleation and the restraint imposed by 
surface tension forces are not rate controlling 
in the mechanism of swelling !: 2. 3). The theories 
are based entirely on macroscopic considerations 
of the matrix such as its creep and yield point 
properties, but these are not valid for the very 
fine scale bubble growth (spacing < 1 mw) fre- 
quently found in «-uranium irradiated to be- 
tween 0.1 and 0.4 % burn-up at nearly constant 
temperature in the range 200° to 600° C4: 5), 
In these cases surface tension forces are an 
important restraining factor and large overall 
volume increases (e.g. 2 5 °%%) do not normally 
occur (see table 1) so that a potentially satis- 
factory reactor fuel is obtained §). 

The present paper analyses the factors which 
affect bubble nucleation and growth over the 
whole range of observed bubble sizes. The role 
of vacancy diffusion and condensation into 
bubbles is considered to be important in every 
case in the early stages of growth and in many 
instances is rate controlling throughout the 
irradiation period. The conditions under which 
growth can occur by creep involving dislocation 
generation are examined, and the spheres of 
relevance of the other theories of swelling 1. 2. 3) 
which involve such creep, and of the present 
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Diese einmal gebildeten Gasblasen wachsen durch 
Diffusion von Leerstellen, welche bei den Spalt- 
prozessen erzeugt werden. Bei ausreichend hoher 
Temperatur — manchmal schon bei 300° C — gentigt 
das Einwandern von Leerstellen, damit der Gasdruck 
in einer Blase um nicht mehr als eine Gréssenordnung 
iiber die der Oberflachenenergie entsprechende Span- 
nung ansteigt. Hierbei sollte noch keine plastische 
Deformation des umliegenden Materials unter Wande- 
rung von Versetzungen eintreten. Sofern die Senken 
fiir punktférmige Fehlstellen interstitiell angeordnete 
Atome eher aufnehmen als Leerstellen, kann bei 
niedrigerer Temperatur ein beschleunigtes Wachstum 
der Blasen stattfinden, indem tberschiissige Leer- 
stellen an den Gasblasen ausgeschieden werden. 


analysis based mainly on vacancy diffusion and 
condensation, are assessed. 

The relationships of the bubble size and 
spacing and the overall volume increase are 
considered and views are presented on factors 
which can permit the eventual formation of 
arge bubbles such that the resultant volume 
jnerease leads to unacceptable fuel behaviour. 


1.2 EXPERIMENTAL WORK ON SWELLING 


Experimental results on swelling have mainly 
been obtained from the irradiation of small 
samples of enriched fissile material contained in 
liquid sodium at known temperature so that 
volume changes in the samples could occur 
without imposing a restraint 7: 8. 9). First results 
were obtained on a wide range of alloys ir- 
radiated under widely varying conditions and 
the corresponding variation in results was large. 
Despite this, the results indicated that (i) 
swelling becomes severe (e.g. 100 %) for many 
metals and alloys as the burn-up exceeds about 
0.5 %, (ii) at a given burn-up lower than this, 
least volume increases occur in alloys of cubic 
crystal structure, e.g. uranium+12 wt % mo- 
lybdenum, (iii) greatest volume changes occur 
in alloys based on «-uranium with some dilute 
(e.g. < 10 wt %) alloying additions, (iv) «- 
uranium (nominally unalloyed) is intermediate, 
swelling tending to increase with the severity of 
temperature fluctuations. Temperatures of ir- 
radiation were generally between 400 and 800° C, 
and, though swelling is usually greater towards 
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TABLE 1 


Results on the swelling of «-uranium irradiated in DIDO 
(Irradiation section, metallurgy division, AEREH, to be published) 


All specimens of are melted f-quenched uranium containing 1200 ppm of aluminium 


Wee eR Tee Temperature fluctuations (°C) Volume 
: rradiation Burn-up : 
Enrichment | 5.46 (daya} Temp. (°C) (%) increase 
(at °F) Ripple > 10 > 50 > 200 C2) 
————————— SSS ES eS: 
3 90 360 <3 1 1 41 0.13 0.6 
30 20 450 < “3 38 ih 5 0.18 2.2 
30 20 450 <3 38 7 D 0.18 2.9 
30 20 450 <x 3 31 15 4 0.18 129 
30 20 450 <3 31 15 4 0.18 2.1 
3 90 500 <2 3 86 15 19 0.13 1.3 
3 90 500 <3 81 25 6 0.09 1.3 
30 20 550 < w 3 39 17 6 0.43 2.0 
30 20 550 <3 39 17 6 0.43 2.2 
30 20 550 <x 3 39 17 6 0.43 13 
30 20 550 <2 3 33 10 12 0.45 1.9 
3 90 600 <x 3 96 17 iN 0.16 3.9 
3 90 600 <a23 66 8 6 0.16 2.5 


the higher temperature, no firm correlation with 
temperature has been established. A major 
problem is to account for large volume increases 
which can occur at temperatures as low as 
450° C where it is considered that the creep 
strength should be much too great to permit 
the growth of fission product gas bubbles. 
Though the increase in swelling of «-uranium 
on thermal cycling 1°11) is accounted for to 
some extent by the reduction in creep strength 
of this material when temperature fluctuations 
occur, the lack of general correlation between 
creep strength and swelling indicates that pro- 
cesses other than ‘conventional’ creep are 
operating to allow bubbles to grow. This has 
led to the quantitative consideration of vacancy 
creep processes occurring under irradiation, 
which are analysed in section 3.5. 
Metallographic observations 12. 18) show that 
all specimens having volume increases greater 
than about 10 % contain holes and sometimes 
cracks, the holes occasionally ranging up to a 
few millimeters in size. Generally, the smaller 
the swelling, the smaller the holes. This is 
discussed further in section 3.3 where the size 
of holes is related to the gas pressure and the 
mode of deformation of the surrounding matrix. 


More recently, electron microscope studies *: 5) 
by replica techniques have revealed fine bubbles 
in specimens having volume increases less than 
about 5 °%. Often these bubbles are of diameter 
e~ 10-5 cm and their average spacing is typically 
~ 5x 10-5 em. Sometimes they are randomly 
distributed in size and configuration (fig. 1), but 
in other cases (fig. 2) they appear to form in a 
more definite, though highly complex, pattern. 
Experimental studies are continuing along these 
lines, but a significant feature is that these 
bubble sizes and spacings are typical in so far 
as they have been observed in o-uranium 
irradiated to between 0.1 and 0.4 °% burn-up at 
nearly constant temperatures in the range 200° 
to 600° C. Moreover, there is a close similarity 
between the observations on small specimens 
in experimental irradiations and those on 
x-uranium fuel elements from reactors where 
the rate of burn-up was lower by more than an 
order of magnitude. Material containing such 
bubbles does not swell markedly on post. ir- 
radiation heat treatment unless it is held for 
some time at temperatures high in the y-phase 14), 
or is severely thermally cycled in the «-range 15), 
This suggests that surface tension forces exert 
strong restraint on bubble growth. 
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Fig. 1. Electron micrograph showing small bubbles 

in «-uranium irradiated to 0.41 % burn-up at 600° C 

with temperature fluctuations generally < + 2°C. 

Shadowed replica (after J. A. Coiley, V. J. Haddrell 
and P. Clark). x 5250. 


Fig. 2. 


Small bubbles in «-uranium irradiated to 
0.09 % burn-up at 500° C. Shadowed replica. x 5250. 


These results have Jed to the present quanti- 
tative examination of factors which affect the 
nucleation and growth of fine bubbles and to 
a consideration of mechanisms by which larger 
bubbles may be formed. 


FOREMAN AND D. E. RIMMER 


2. The Nucleation of Bubbles 


2.1 THE PRODUCTION AND DIFFUSION OF 
FISSION PRODUCT GASES 


Since gaseous fission products represent about 
10 atomic per cent of the total number of fission 
products 16), the concentration of gas atoms is 
~ 610-4 in uranium irradiated to 0.3 % 
burn-up. In typical irradiation experiments’.®.’), 
where specimens are enriched with additional 
U235 or U233, the time to achieve this burn-up 
is often about 4 months (~ 10? sec). The rate 
of gas atom production is then 6x 10-1! per 
atom site per sec. This is a factor of 10 greater 
than that of civil reactor fuels. Since krypton 
and xenon (the main fission product gases) are 
large atoms (~ 2A radius) 1”) they are expected 
to go into substitutional solution 18) but their 
extremely low solubility implies that only a 
small number of atoms are required to form a 
stable nucleus. 

The behaviour of the fission product gases 
must then depend to a considerable extent on 
the rate at which they diffuse through the 
uranium crystal lattice. Though several experi- 
mental estimates have been made of the diffu- 
sion coefficients of krypton and xenon in poly- 
crystalline uranium !9: 20,21) the variation in 
results does not allow a value accurate to better 
than an order of magnitude to be obtained. For 
the present, the fission gas diffusion coefficient 
will be taken as being about 10-18 cm2/sec at 
600° C. 

The effects of irradiation on the diffusion 
coefficient are analysed in some detail in section 
3.6. It is considered that irradiation does not 
generally increase the diffusion coefficient to a 
value greater than ~ 10-8 cm2/sec unless 
unusually high rates of burn-up (greater than 
rw 10-8 per atom site/sec) occur. Thus the 
diffusion coefficient of fission gas in uranium 
irradiated above about 600°C should be un- 
affected by irradiation. At temperatures below 
600° C the fission gas diffusion coefficient is 
greater than that at the same temperature out 
of the pile. 


ven 
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2.2. THE SCALE OF BUBBLE FORMATION 


To determine the scale on which gas bubbles 
are likely to form we will at first ignore hetero- 
geneous nucleation centres and obtain a solution 
for the homogeneous nucleation case only. 
Examination of this result will then show what 
effect, if any, the presence of heterogeneous 
centres would have. 

It is first necessary to obtain some estimate 
of the number of gas atoms needed to form a 
stable nucleus. A quantitative analysis of this 
problem is not possible as it requires a know- 
ledge of the binding energies of small numbers 
of gas atoms, but some assessment may be made 
along the following lines. 

From time to time pairs of gas atoms will 
meet in the lattice. The vacancy which has 
enabled one to move up to the other may be 
able to bring about a lowering of energy if some 
of its volume is taken up by the gas atoms, and 
this small group will then remain together for 
a time depending on the reduction in energy. 
For example, a binding energy of 2 eV would 
give it a lifetime of ~ 10-° sec, whereas with 
3 eV this time would be increased to ~ 100 sec. 
Whether or not this group becomes the nucleus 
of a bubble depends on further atoms and 
vacancies reaching it and becoming attached 
before it breaks up. The critical size is such that 
gas atoms are reaching it at the same rate as 
they are leaving. It is expected that, provided 
they can remain together long enough, the gas 
atoms can reduce their energy considerably by 
the capture of further vacancies. It appears that 
for conditions such as were described in section 
1.2 a bubble nucleus can be obtained if the gas 
atoms can each reduce their energy by about 
3 eV. At first sight this seems a rather large 
amount but the energy of solution of these gas 
atoms may be extremely high (~ 6 to 8 eV) 
and the above figure could be realised by a 
group containing very few atoms (e.g. from 
3 to 6) with the addition of only a small number 
of vacancies per gas atom. For the purposes of 
this section the assumption will be made that 
two gas atoms with their associated vacancy 
are sufficient to make a stable nucleus. The 
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extent to which this over-simplification affects 
the calculation is discussed subsequently. 

Let G be the rate of gas atom production per 
atom site per second. If D is the gas atom 
diffusion coefficient and c the atomic concen- 
tration of gas, the steady state diffusion equation 
(which should apply approximately except 
possibly in the very early stages of bubble 
growth) is 

DY r= — Ge. 


Let the radius of a bubble nucleus be 79 and 
let 71 be the radius of the approximately 
spherical volume of material surrounding each 
nucleus so that the spacing of the nuclei is 
about 27;. The solution satisfying the boundary 
conditions c=0 when r=7o (i.e. negligible solu- 
bility of the gas) and de/dr=0 when r=r; is 


G 0) oh as 
ol 
If 71 > 70 then 
¢1=¢(11) =Gr13/3Dro. (1) 


This is the concentration of gas atoms in the 
crystal lattice at points midway between the 
nuclei and is also, in the same approximation, 
the mean concentration in the lattice. 

If » is the jump frequency of gas atoms in 
material of lattice spacing a, then 


y w 6D/a? 


and the lifetime, t, of a gas atom before reaching 
a nucleus is given by 


T=NIV, 
where n is the number of jumps involved. 
Since cij=Gr, 
n= v01/G = 2713/a2r9 (2) 


from eq. (1). Eq. (2) shows that the number of 
jumps decreases inversely as the nucleus dia- 
meter. The two extreme cases are when the 
nucleus approaches atomic size, 


1m—>a and n —> 27r13/a8, 


and when the nucleus become comparable in 
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size with the distance from its neighbours, 


o> 11 and n —> 2ry2/a2. 


The homogeneous nucleation spacing is now 
derived by assuming that the number of nuclei 
increases until there are so many that a newly 
created gas atom is more likely to reach an 
existing nucleus than meet another gas atom. 
The average number of jumps made by a gas 
atom before it meets another is 


Ne = 1/20 = 3Dro/Grr2 


where z is the number of new sites explored per 
jump (* 4). 
Hence existing nuclei are likely to be reached if 


3 Dro 2733 
Gri3z aro 


and the homogeneous nucleation separation, 
271, will be determined by 


718 = 3 Dro2a?/2Gz. (3) 


Some values of 271, for various bubble radii ro 
are given in table 2, using the values a=3 x 10-8 
em, D—10=cm?/sec> G=6 x 10-1! /sec: 


TABLE 2 


Bubble radii (vo) and associated bubble spacings (27r,) 


ro (microns) 2r, (microns) 


Ome 0.16 
HO mee 0.24 
5 x 107 0.32 


The concentration of gas atoms, c,, which is 
set up between the gas bubbles when they are 
at the spacing given by eq. (3) is 


61 = (Ga?/6Dz)', 


which is independent of bubble size, and for the 
above numerical values gives c,=1.5 x 10-7; 
the average lifetime + of a gas atom in the 
lattice is 2.5 x 108 sec. 

Since more than two gas atoms are likely to 
be required to form a stable nucleus, the precise 
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bubble spacing is expected to be somewhat 
greater than that predicted by eq. (3). However, 
the sixth root must be taken of any factor which 
is introduced so that any large deviations from 
the results calculated above are precluded. 
Since experimentally observed bubble sizes are 
often ~ 10-5 em diameter with a spacing 
typically of ~ 5x 10-5 cm, agreement with the 
theoretical assessment is reasonable. 

Gas bubbles will nucleate preferentially on 
inclusions or precipitates in the material if they 
can offer a greater capture area to the gas atoms. 
Often, however, the inclusion spacing is signifi- 
cantly greater than 10-4 cm and it appears that 
such inclusions cannot be reached by the 
majority of gas atoms, unless paths of easy 
diffusion exist. Since swelling is enhanced in 
x-uranium when temperature fluctuations occur 
during irradiation, it may be that stress induced 
diffusion allows a greater number of gas atoms 
to reach inclusions which act as nuclei for 
preferential bubble growth, or that microscopic 
cracking plays an important role under these 
conditions. 

Since the calculated bubble spacing is com- 
parable with that of the dislocations, their 
bearing on the nucleation problem will be ex- 
amined in the following section. 


2.3. THE POSSIBLE INFLUENCE OF DISLOCA- 
TIONS ON GAS BUBBLE FORMATION 


Since fission gas atoms, notably xenon, have 
radii considerably greater than that of uranium, 
a strong elastic interaction between gas atoms 
and dislocations is anticipated 22) such that gas 
atoms are attracted to the tensile side, thus 
forming a Cottrell atmosphere 23) of the gas 
atoms along the dislocation lines. In this region 
the binding energy, U, of a gas atom to the 
dislocation a distance R away is given by 


U=4uber,? sin 6/R, 


where w is the shear modulus of the material, 
b is the length of the Burgers vector, 7, is the 
atomic radius, 0 is the angle between the slip 
plane and the direction of R, and ¢=(rg—ra)/ra, 


es 


GAS BUBBLES IN IRRADIATED FISSILE MATERIAL 


where 7, is the radius of the gas atom. The 
concentration cq of gas atoms near the disloca- 
tion is then given by 


Ca=c1 exp (—U/kT), 


where c; is the average concentration. Taking 
typical values w= 1012 dynes/cm2 24), b=3 x 10-8 
em, es) 72=3 10-24 cms, sm: b= — 1; R= 
= 10-7 em, kT =10- ergs, the increase in 
gas atom concentration near the dislocation, 
Ca/ci, is by a factor of the order of 10°. 

The time needed to establish such a concen- 
tration gradient is ~ d?/D, where d is half the 
dislocation spacing and D the diffusion coeffi- 
cient. With d=1.5 x 10-5 cm, D=10-® em2/sec, 
this time is approximately 3x 10° sec, which 
is of the same order of magnitude as the 
average gas atom lifetime t ~ 2.5x 108 sec, 
calculated in section 2.2. Thus the preferential 
distribution of gas atoms near dislocations 
should have sufficient time to build up. 

This very considerable local increase in gas 
atom concentration suggests that dislocations 
may act as sites on which bubble nucleation 
could preferentially occur. Since their spacing 
is about the same as that at which gas atoms 
would form into bubbles in a perfect crystal this 
adds further support to the argument. Electron 
microscope observations 45) of small bubbles 
are consistent with this. Moreover, studies on 
the annealing of nitrate-doped alkali halide 
crystals in hydrogen atmospheres have shown 
directly that the gaseous products precipitate 
along dislocations 75). In fissile material it would 
appear that as the bubbles nucleate and grow, 
their associated dislocations will climb by the 
adsorption of the excess of interstitials which is 
present when some of the vacancies created by 
the fission process are being used for bubble 
growth (since there are equal numbers of fission 
vacancies and interstitial atoms produced). The 
climb is such that the dislocation moves through 
the bubbles transferring them from the tensile 
to the compressive side so that they are no 
longer in the region of high gas density. The 
only positions which remain as good nucleation 
and growth centres throughout the irradiation 
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are the dislocation nodes and it is to be expected 
that the largest bubbles will be on these sites, 
with smaller ones on or near the dislocation 
lines. 


2.4. THE STABILITY OF SMALL BUBBLES UNDER 
TRRADIATION 


So far it has been assumed that the stability 
of a gas bubble is unaffected by irradiation. For 
the case of solid precipitates which are formed 
on a fine scale it has been shown conclusively 
that re-solution can take place under irradi- 
ation 26), In considering possible re-solution of 
gas bubbles, however, some significant differ- 
ences must be noticed. The short lifetime of the 
thermal spike and the low conductivity across 
a gas bubble when compared with the metallic 
matrix suggest that, except for the very small 
bubbles, the lifetime of the spike is too small 
to transfer substantial heat. Moreover, when a 
fission track passes through a gas bubble, the 
increased mean free path of the fast moving 
particle in this region will give less heat dis- 
sipation. Even if the atoms in the gas bubble 
could be given sufficient energy to disintegrate 
the bubble it is likely that such a high local 
supersaturation of gas atoms and vacancies 
would be produced that they would soon 
recondense. 

The extreme insolubility of the fission product 
gases, when compared with intermetallic com- 
pound precipitates, indicate that the former are 
much less likely to be driven into re-solution by 
irradiation. In the case of gas bubble formation 
under irradiation it is also significant that the 
amount of gas is building up continuously and 
thus gas bubbles, even when somewhat re- 
arranged by fission spikes, still form the best 
nuclei on which other gas atoms can precipitate. 

In experiments where helium is produced on 
irradiation, or effectively injected as «-particles 
by bombardment 2’), re-solution has been clearly 
demonstrated. The difference between these 
experiments and those in which fission gases 
are produced may be at least partly accounted 
for by the higher solubility of helium. 
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3. The Growth of Gas Bubbles 


3.1. INITIAL CONDITIONS 


The positions of gas bubbles in irradiated 
fissile material must remain essentially at the 
nucleation points until such time as the bubbles 
grow to a size where some link-up between 
neighbouring bubbles occurs. The extreme in- 
solubility of the fission gases makes it unlikely 
that small bubbles will dissolve in favour of the 
growth of larger ones, unless paths of easy 
diffusion, (e.g. along the centre of a dislocation 
line) can exist between the bubbles; it is also 
possible that the extremely small bubbles may 
be destroyed by the fission process and their 
gas atoms put back into solution in the crystal 
lattice. It seems probable then, that small 
bubbles will always be found on dislocations 
except in the cases where phase changes occur 
during irradiation, where the irradiation tempe- 
rature is sufficiently high that gas diffusion 
distances are considerably greater than dis- 
location spacings, or when high stresses are 
continually being generated as occurs, for 
example, on thermally cycling «-uranium. 

We must now enquire by what mechanisms 
bubbles may grow. In the very early stages of 
bubble growth, surface tension forces are so 
strong that the gas is restrained at extremely 
high pressures. At these pressures considerable 
deviations from perfect gas law behaviour exist, 
but the bubbles require for their initial growth 
only the meeting of fission gas atoms and their 
associated vacancies which allowed them to 
diffuse. The stage at which additional vacancies 
become necessary for further growth is indicated 


TABLE 3 


Number of atomic volumes per gas atom at various 
bubble radii (calculated for xenon at 300° C) 


Bubble radius No. of atomic 
(cm) volumes per 
gas atom 
L Ox mw 5 
10-§ 10 
KOs? 40 
10-4 400 


———— 
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in table 3. These values have been obtained by 
calculating the equilibrium pressure (= 2y/ro, 
where y is the surface tension of the bubble and 
ro its radius) of the bubble and then using the 
equation of state for xenon at 300° C to obtain 
the number of atoms of xenon in the bubble at 
this pressure. The volume required by each 
xenon atom may therefore be found and is most 
conveniently expressed in atomic volumes of 
uranium. 2 atomic volumes per gas atom are 
obtained automatically provided the gas arrives 
by vacancy diffusion. Unless the excess require- 
ments are supplied independently, a gas pressure 
greater than that which the surface tension can 
balance will be set up. It will be seen that if 
ro ~ 10-? cm hardly any extra vacancies are 
required, but as the bubble grows the demand 
for them increases rapidly. These vacancies may 
be obtained directly, i.e. by vacancy diffusion, 
or, less directly, by the excess gas pressure in 
the bubbles causing plastic deformation of the 
surrounding matrix. In the following section the 
conditions under which deformation may occur 
by the generation of dislocations are examined. 


3.2. ‘THE CONDITIONS UNDER WHICH DISLOCA- 
TION GENERATION MAY CAUSE BUBBLE 


GROWTH 


Where nucleation occurs on a fine scale, e.g. 
typical of the dislocation spacing, it seems 
highly improbable that any mechanism other 
than vacancy diffusion could contribute signifi- 
cantly to bubble growth. When bubbles link 
up or occur on a coarser scale the predominance 
of vacancy diffusion in controlling growth is less 
apparent. In the case of bubbles which are 
small compared with their spacing, the stress 
field set up by the gas pressure will be localised 
around each bubble. It is not then correct to 
assume a fairly uniform stress throughout the 
material and to apply the macroscopic creep 
formula. The only methods by which plastic 
deformation can occur (apart from vacancy 
diffusion) are by the operation of Frank-Read 
sources close to the bubbles 23) and the formation 
of prismatic dislocations 28). 

To operate a Frank-Read source the required 
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stress is approximately pb/l, where w is the 
shear modulus of the material, 6 is the length 
of the Burgers vector, and / is the length of the 
dislocation source. If 1>79, where 7p is the radius 
of the bubble, part of the dislocation source 
must be some distance from the bubble where 
the elastic stresses set up by the gas pressure 
are becoming small. The dislocation sources 
which can be most readily activated are those 
for which 1 ® 7) and which are close to the 
bubble. The excess pressure required for the 
bubble to generate dislocations is then ~ jb/ro. 

The excess pressure required to generate 
prismatic dislocations can be assessed as follows. 
Let a ring of dislocation of radius ro be given 
off by a bubble of the same radius. Then the 
energy to form the dislocation is approximately 


E = 2aro(ub?/ 42) In(79/ra), 


where 7q ~ b. The change in free energy on 
producing the dislocation is given approximately 
by 


dF = —pdv= 


(p — 2y/r0)21025, 


where » is the gas pressure in the bubble and y 
is the surface tension of the bubble/matrix 
interface. For dislocation creation to be ener- 
getically favourable 


(p— 2y/ro)sr9°b > ub"5r0 In (ro/ra) 


or roughly 
p—2y/ro> wb/ro. 


This excess pressure is the same order of magni- 
tude as that required to generate dislocations 
from Frank—Read sources of length ro. Hence 
vacancy diffusion is the only process by which 
bubbles can grow when (p— 2y/r9) <b/7o. For 
uranium y ~ 103 erg/cm? 29), yw ~ 1012 dyne/ 
em? #4), and 6 » 3x10-8 cm. Thus the gas 
pressure in the bubble must be about an order 
of magnitude greater than 2y/ro before dis- 
locations can be generated to allow the bubble 
to expand. 
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3.3. THE SIZES OF BUBBLES AND THE GAS 
PRESSURES CONTAINED 


By measuring bubble sizes and determining 
the change in specimen density (e.g. by a 
displacement method) after irradiation to a 
known burn-up, some assessment may be made 
of the amount by which p exceeds 2y/ro. 

The largest density changes (~ 100 %) oc- 
curred especially in material based on «-uranium 
with small amounts (0.5 to 10 wt %) of addi- 
tional elements or in unalloyed «-uranium sub- 
jected to severe thermal cycling, and were 
associated with the larger bubbles, sometimes 
up to a few millimetres in size, though the 
average size was smaller and bubbles appeared 
to be formed from the link-up of neighbours. 
Since 4.7 cm? of fission gases (at NTP) are 
produced on 1 °% burn-up of 1 cm’ of uranium 16), 
the average gas pressure is ~ 4 x 106 dynes/cm? 
in a specimen which has increased in volume 
100 % after 0.3 %% burn-up at 550° C. If all the 
gas were present in bubbles of equal size such 
that the gas pressure was entirely counter- 
balanced by surface tension, the bubble radii 
ro(=2y/p) would be 5 microns. This is less 
than the average observed bubble size by more 
than an order of magnitude. Although the 
highest gas pressures exist in the smallest 
bubbles, the average gas pressure is still likely 
to enable bubble growth by dislocation genera- 
tion, in fulfilling the condition p—2y/ro>ub/ro 
(see previous section). In this condition the 
creep strength of the material as measured in 
conventional tests is relevant to the amount 
of bubble growth observed. Reduction in creep 
strength of «-uranium based materials by 
thermal cycling then becomes an important 
factor and analyses, as already developed !°), 
become appropriate. 

Generally, the observed bubble size has 
decreased with decreasing change in density °°). 
In a specimen of uranium with 7.5 wt % 
niobium, for example, which decreased in density 
by 37 % after 0.3% burn-up at 500°C, the 
average size of bubbles was about 7 microns 12), 
In this case, the average gas pressure is about 
107 dynes/cm? and the average surface tension 
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restraint about 6 x 106 dyne/em2. Here p — 2y/r0 
is clearly less than ub/ro and vacancy diffusion 
must be presumed to have played the major 
part in bubble growth. In a specimen with 
10 wt % zirconium, where the volume increase 
was 14 % after similar irradiation conditions, 
the majority of bubbles were about 3 microns 
diameter 12), though a few bubbles up to 
15 microns diameter were observed. From this 
data, p is again about twice 2y/ro and so it 
is improbable that dislocation sources were 
operated. 

For specimens with still smaller volume in- 
creases (e.g. < 10%), the balance is further 
in favour of vacancy diffusion playing a pre- 
dominating, if not exclusive, role. Almost in- 
variably, bubble sizes have been too small to be 
resolved by the optical microscope, although in 
some localised regions, sometimes associated 
with fine inclusions or precipitates, larger 
bubbles have been observed. Electron micro- 
scope studies 4: 5) in these cases reveal that the 
greater part of the fission product gases are 
present in small bubbles, often of the order of 
10-5 cm diameter and spaced roughly 0.5 microns 
apart. These observations are typical of those 


Small bubbles in a-uranium irradiated to 
0.30 % burn-up at about 200° C. Shadowed replica. 
x 5250. 


Fig. 3. 
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on x-uranium irradiated as low as 200° C (fig. 3) 
or, when the irradiation temperature remains 
substantially constant, of irradiations up to 
600° C (fig. 1). These cases are representative 
of uranium having a satisfactory performance 
as a reactor fuel. Since bubble growth under 
these conditions must depend essentially on 
vacancy diffusion processes, this mechanism is 
analysed in some detail in the following section. 


3.4. THE FLOW OF VACANCIES TO GAS BUBBLES 


Since bubbles cannot grow by dislocation 
generation when (p—2y/7r0)<jb/ro, we must 
now consider the conditions under which 
vacancies tend to flow to gas bubbles. To do 
this, the equilibrium concentration of vacancies 
surrounding the bubbles must be determined 
from the condition of zero energy of the system 
when a vacancy is transferred from the lattice 
into a bubble. 

The decrease in free energy —dJ of the gas 
as a vacancy enters the bubble is given by 
dF=dU—TdsS, where dU is the change in 
internal energy and dS the entropy change at a 
constant temperature 7’. But dU =pdV +748, 
and the increase in volume of the bubble is 
dV=2 (the volume of a vacancy). Hence 
dF = —pdV=-—pQ2. The increase in surface 
energy of the bubble is 2yQ/ro. The loss of 
configurational entropy of vacancies in the 
matrix is —k Inc, where c is the concentration. 
If the energy of formation of a vacancy in the 
lattice is #, then at equilibrium. 


— p2 + 2yQ/ro—kT In cv—- H=0. 


Hence the concentration of vacancies near the 
bubble is 


cv =exp{[—E —(p—2y/ro)Q)/kT }, 
but the equilibrium vacancy concentration 
(ceY) is exp(—E/kT) so that 
CY =CeV exp [ —(p—2y/r0)2/kT']. (4) 


From eq. (4) vacancies tend to flow towards 
gas bubbles when c<ce’, that is when p> 2y/ro. 
In principle, the rate of arrival of vacancies can 
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then be calculated from the known concen- 
tration gradients. Such calculations are made in 
subsequent sections. 

Another feature may also be deduced from 
eq. (4). In the early stages of irradiation, i.e. 
before ‘a significant fission product concen- 
tration has been built up, holes already present 
in the material will tend to sinter because of the 
outward flow of vacancies, so long as p< 2y/ro. 
Such a sintering mechanism has been invoked 
to explain experimental results on copper wire ?!). 
The sintermg process may be cons?derably 
enhanced under irradiation where a large 
number of interstitials are produced which can 
migrate rapidly to fill in the holes. The increase 
in density of certain reactor fuel elements after 
0.01 to 0.02 % burn-up may be an example of 
this effect. The subsequent progressive decrease 
in density may then arise when the gas pressure 
in bubbles is sufficiently great for vacancies to 
be attracted to them. In making the above 
assessment of the vacancy concentration around 
gas bubbles, no account has been taken of the 
effect of the stress fields due to the bubbles. 
This appears justified since if the stress fields 
are spherically symmetric there is no gradient 
of hydrostatic pressure in the radial direction 2), 
and the contribution to vacancy flow from 
other terms is negligible 3°). 


CALCULATION OF THE RATE OF GROWTH OF 
BUBBLES BY VACANCY DIFFUSION 


3.5. 


In this section we shall determine the rate of 
growth of gas bubbles by the vacancy diffusion 
mechanism. In unirradiated materials the only 
vacancy sources are grain boundaries (and 
possibly dislocations) and it is known that their 
stress induced vacancy currents are negligible 
at temperatures much below the melting point 
of the material (cf. Herring—Nabarro creep 34.35)), 
Under irradiation however, fission vacancies are 
produced continually within the grains and are 
much closer to the gas bubbles. It is therefore 
reasonable to investigate whether they can 
reach the bubbles in sufficient quantities to 
bring about the observed swellings. 

Let us consider a bubble of radius 79 and 
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assume that the vacancy concentration is 
maintained at a value co’ at a distance 7; from 
the centre of the bubble. These conditions may 
be considered relevant to swelling under ir- 
radiation if co’ is the vacancy concentration due 
to fission and 2r; the distance between bubbles. 
Thus we have approximately spherical sym- 
metry and solve 
dtev 2 dor 0 


de ocr de 


for the concentration cv at a distance r from 
the centre of the bubble. The general solution is 


wW=A-+ Bir, 


where A and B are constants to be determined 
from the boundary conditions 


CY =Ce¥ exp [—(p— 2y/r0)Q/kT] at r=r70, (5) 
W= Cy -at 7—T1, 


where cv is the equilibrium concentration of 
vacancies appropriate to temperature 7’, and p 
is the gas pressure inside the bubble. This gives 


ies (Ceve—* — Co’) Yo ri/(r1 —10); 


where x=(p—2y/1r0)Q2/kT. The rate of flow of 
vacancies into the bubble is given by 


i (see Dia as uit HDek 
eee Ty (= ag ei ehoes 


In general we may take 7170, hence 


dy = Dy(Co¥ — CeVe**)/Qro. 


In cases where fission vacancies are important, 
fission interstitials must be allowed for also. 
The equation corresponding to (5) for inter- 
stitials is 

ci=c,i exp [(p— 2y/10)Q2/kT ] =cele*, 
where Ce! is the thermal equilibrium value of the 


interstitial concentration. The flux of inter- 
stitials into the bubble is 


i = Di(coi -— Cele*)/Oro 
and the rate of increase of bubble radius is 
| ; ‘ il 
p= Liv hs) = = [Dv(co” — ce e-*) — 


— Dj(co! — ce e*)], 


(6) 
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where x is usually very much less than unity 
(note that 2 ~ 10-23 cm’, kT’ ~ 10738 erg, so 
that x ~ 1 when p— 2y/ro=10!0 dyne/cm?= 104 
atmospheres) and it is usually sufficient to take 
the first two terms in the expansion of the 
exponential. Hence, 


ra. + [Dy(co¥—ce" + 6%) Di (6o!-ce! Ce! x)]. (7) 
0 


It is shown in section 3.6 that if all sinks are 
equally good for both vacancies and inter- 
stitials, then 


D,(co’ — CeY) = Dj(¢o1 — Ce!). 


(8) 
Hence eq. (7) reduces to 


dro x F 
as a (Dy Ce’ + D; Ce). 


(9) 
Of the two terms in the bracket in eq. (9) the 
first is numerically very much larger than the 
second by virtue of the relative activation 
energies of formation of vacancies and inter- 
stitial atoms, and we have 


d7o re 


dro Dy ce¥(p — 2y/10) 2 
dt $ 


TO kT 


(10) 


It should be noted that the effect of the fission 
vacancies has been to a large extent cancelled 
out by the fission interstitials, on the assumption 
that a sink which will accept one will accept 
the other just as readily. If this is not true, 
then eq. (8) will no longer hold and eq. (10) will 
only be true in the temperature range (over 
600° C) for which co’=ceY (see section 3.6). 
Below ~ 600° C very much larger swelling rates 
than predicted in eq. (10) could occur if, for 
instance, dislocations were able to accept inter- 
stitials very much more readily than vacancies. 
However, the mechanism of annihilation of 
point defects at dislocations is not fully under- 
stood at present and for the purposes of this 
paper it will be assumed that eq. (10) is correct. 

An extreme case of the above situation, for 
example, is one in which fission vacancies are 
condensing on the gas bubbles whilst all the 
interstitial atoms diffuse to other types of sink, 
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e.g. dislocations and grain boundaries. For this 
situation we have from eq. (6) 


dro 


Dycov 
dé 275 


if cov > ce’, so that 


T= ( 2Dycovt)?*. 


With D,=10-® cm2/sec and taking co’=10~* 
for the average concentration of fission vacancies 
(see section 3.6), the bubble radius is 1.4 microns 
after 107 sec. This is perhaps a rather unreal 
case to consider, but if a situation of this type 
were to exist then bubbles of about a micron 
radius, and which had also nucleated with a 
spacing of one micron, would lead to extremely 
large swellings, even at fairly low temperatures. 
It is tentatively suggested that some cases of 
extremely large swellings, e.g. in certain dilute 
uranium alloys, may possibly be due to this 
preferential condensation of vacancies on the 
gas bubbles resulting from the contamination 
of the sinks for the point defects; the precise 
way in which the solute atoms bring this about 
is not at present fully understood, and would 
require a further study of the interaction of 
point defects with dislocations and other sinks. 

To integrate eq. (10), » must be expressed in 
terms of the volume and amount of gas in the 
bubble. If we consider only times such that the 
amount of gas in bubbles is considerably greater 
than the amount in the lattice, the number of 
gas atoms in the bubble is w 4xGtr13/3Q. 
Hence, assuming the perfect gas law, 


p= Gtr BkT /Qroe 


and (10) becomes 


sal eae (11) 
where 


a=DyevGrn e and B=2Dyce%yQ/kT. 


This equation cannot apparently be integrated 
analytically but a good approximation may be 
obtained if it is known that the excess pressure 
Ap(=p—2y/ro) in the bubble is small, which is 
true in many cases. 
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It may be verified (see appendix) that this has 
the approximate solution (with boundary con- 
ditions 7o=0 at t=0) 


ro = (xt/B)* — 24/43, 


provided that the second term is small com- 
pared with the first, i.e. for sufficiently small 
times. The fractional excess pressure in the 
bubble is then 


Ap|p = («*t/4B5)* = oro/ 26? 


(retaining only lowest order terms) and this is 
of order unity when 79 ~ f2/«, i.e. after a time 
t ~ f/x, so that we have here a rough criterion 
for deciding under what circumstances the 
excess pressure in a bubble will become ap- 
preciable. 

With the numerical values (c.g.s. units) 
e108 ce 10,6, 6 0, = 3 & 10: 


yale Q=10-3, kT =—10-18;.. we have 
o=1.6x10-39 and Bp=2x 10-22. Thus after 
10? sec the cavity radius has grown to 


ro =9 x 10-6 cm, in agreement with observation, 
and the fractional excess pressure is then about 
15 %. It should be noted that this result is 
quite sensitive to the numerical values given to 
the constants; in particular, a larger value for 
the bubble spacing will give rise to very much 


oc Ty /j* 


317 


bigger excess pressures in the bubbles, and the 
approximations made above are no longer 
applicable. In such cases it will be necessary to 
integrate the differential eq. (10) numerically, 
preferably without making the approximation 
of small excess pressure. The numerical solution 
of eq. (11) over the range of small excess 
pressures is shown in fig. 4, taking as starting 
conditions 79=0 at t=0; for values far outside 
this range the surface tension term becomes 
negligible and eq. (11) then gives 19 = (Sat?/2)9-? 
in this limit. Other solutions exist which start 
with a non-zero radius at t=0 but these join 
the curve shown after an initial sintering period 
during which the bubbles shrink under the 
action of the surface tension force. 

The conclusion derived from the above 
analysis is that vacancies are generally available 
to maintain bubble growth at a rate such that 
» does not rise significantly above 2y/ro when 
bubbles are spaced ~ 5 x 10-5 cm apart. Thus, 
under these circumstances surface tension is the 
major restraint to swelling. If the bubble 
spacing is increased to say ~ 10-4 em or link 
up of neighbouring bubbles occurs, then excess 
pressures may be developed at a rate too great 
to be relieved by vacancy flow; in this case 
creep by dislocation generation is likely to occur 


x°t /8* 
Solution of the differential equation for the growth of a bubble by vacancy diffusion. 


Fig. 4. 
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but, ultimately, p is reduced to a value which 
tends to 2y/ro. At lower temperatures the flow 
of vacancies is reduced as their thermal equili- 
brium concentration is lower and this will 
result in larger excess pressures being produced 
below about 300° C which should be sufficient 
to activate dislocation mechanisms, so that 
vacancy flow is no longer of primary importance. 


ESTIMATE OF THE VACANCY CONCEN- 
TRATION SET UP BY FISSION 


3.6. 


In this section we shall make an estimate of 
the concentration of vacancies set up in the 
lattice due to the fission process. This is neces- 
sary (see section 2.2) because it determines the 
diffusion coefficient of the fission gases and has 
a bearing on bubble spacing and growth. The 
following analysis assesses the characteristics 
of the situation though there is some uncertainty 
in the numerical values used. 

We shall assume that at each fission event 
there are N vacancies and JN interstitials which 
are not instantaneously annihilated and which 
diffuse symmetrically outwards from the point of 
fission (the estimation of N is rather difficult 
and will be discussed later). The interstitials are 
assumed to diffuse away quickly, some com- 
bining with vacancies formed at earlier fission 
events (or thermal vacancies) whilst others 
reach sinks or traps. The vacancies are similarly 
annihilated by interstitials and at sinks but they 
diffuse more slowly and may have time to set 
up an appreciable concentration in the lattice. 

It is first necessary to consider whether grain 
boundaries or dislocations are the more efficient 
sink for defects (it can be shown that bubbles 
will usually remove only a small fraction of the 
fission defects). We shall consider, in turn, 
crystals containing only grain boundaries and 
only dislocations, and calculate the concen- 
tration excess over the thermal equilibrium 
value that will be set up, assuming them to be 
perfect sinks. The calculation is equally valid 
for vacancies and interstitials provided that 
they are created at a uniform rate throughout 
the crystal. For the grain boundary case we 
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shall consider a sphere of radius fe. If the 
equilibrium concentration Ce is set up at rz then 
the concentration at the centre is 


C2 = Ce + Are?/6D, 


where A is the source strength and D the 
diffusion coefficient. For the dislocation case we 
shall consider an infinite cylinder of crystal of 
radius 71 with the dislocation along the axis 
and having a core radius 74. The solution of the 
diffusion equation with c=ce at r=ra and 
dc/dr=0 at r= is 


€1=Ce+(Ari2/2D) In (m/ra)—Ari2/4D. 


Their relative effectiveness as sinks may be 
measured by the ratio 


C2 —Ce 2r25 


Ci—Ce Ory? In(ri/7a) — 3712" 

In general the grain boundary radius 
ra>5x10-4 cm; thus with 7,;=10-> cm and 
rqa=10-? cm we have a ratio of more than 80. 
It is concluded that grain boundaries will allow 
a higher concentration of defects to be set up 
than would the dislocation network, and the 
dislocations are therefore expected to control 
the level of concentration of vacancies and 
interstitial atoms. 

The above analysis suggests that, to a first 
approximation, fine scale swelling during ir- 
radation is independent of grain size, except 
possibly for grain sizes less than a few microns 
which are unlikely to occur in practice. This 
feature may represent a significant difference 
in swelling behaviour during irradiation and on 
post-irradiation heat treatment, for in the latter 
case the grain boundaries are the main source 
of vacancies and a significant dependence of 
swelling on grain size is anticipated. 

It is now clear that we should take as the 
fission vacancy sink the dislocation network, 
sO we again consider the cylinder concentric 
with a dislocation line. The radius of the 
cylinder 7; is approximately half the distance 
between dislocations and rq is the radius of the 
dislocation core inside which interstitial atoms 
and vacancies are trapped. We shall derive an 
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expression for the vacancy concentration on 
the surface of the cylinder. 

The steady state solution to the diffusion 
equation for cylindrical symmetry gives for the 
concentration at r=71 


Co’ = CeY + (Ary?/2Dy) In (r1/ra) — Ar;?/4D,, 


where A is the net rate of creation of vacancies 
inside the cylinder, i.e. the fission creation rate 
minus the rate of annihilation with interstitials. 
This may be written in the form 
(Co’ — Ce’) Dy = 4 Ari?[2 In/(ri/ra)—1]. (12) 
A similar equation may be written down for the 
interstitial atoms. They will have the same net 
creation rate A as the vacancies because equal 
numbers of the two are produced at fission and 
it is assumed that except at dislocations they 
are only removed by mutual annihilation. 
Further, the equilibrium concentration of inter- 
stitials present at the dislocation core may be 
taken as zero and the concentration at 7; may 
be written as A’t’, where A’ is the actual rate 
of creation of interstitials by fission and 1’ is 
the lifetime of an interstitial which reaches the 
dislocation. 
Hence 


A't’ D; =4Ari?[2 In(ri/ra) — 1], (13) 
where D; is the diffusion coefficient for inter- 
stitials. From (12) and (13) 


(cov —CeY) Dy = A't' Dj. (14) 
If the majority of the interstitials reach the 
dislocation rather than being annihilated on the 
way, then the ratio A’/A may be determined 
from the assumption that each interstitial 
makes it’ jumps (7; is the jump frequency) 
and that the chance of annihilation per jump 
is Co’ (assuming a fairly uniform vacancy con- 
centration). Thus the chance of an interstitial 
being annihilated by a vacancy somewhere 
along its path is 1—exp(—co’y;t’) and hence 


A=A’' exp(— cont’). 
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Substituting in eq. (13) gives 
Dy’ = 4ry?[2 In(r1/ra) — 1] exp(— cori’). 


With the value of 7’ from (14) we obtain the 
equation for cov 


Cov —CeY = K exp|[ — Reo’(co’ — Ce’) |, 
where 
K =(A'r)?/Dy) [3 In(r1/ra) — 4], 
R=%D,/A'Di= Dy/A/a?, 


where a is the lattice spacing. It will be seen 
that if cv << K, then the solution is covY=K 
provided that RK2<1. If RK2>1, the solution 
is Cv ~ R-}. 

It will be noted that both K and R& are 
temperature dependent since they both involve 
D,. Since K decreases exponentially with tem- 
perature whilst both ceY and fF increase ex- 
ponentially, the change over from the condition 
CY <K to ceY > K is very rapid and it is 
reasonable to state that for all temperatures 
above that for which c.Y=K, fission does not 
significantly add to the thermal vacancy con- 
centration. As the temperature is decreased 
RK? increases and there may be a small temper- 
ature range in which co’ = K and hence increases 
with decreasing temperature until RK2 becomes 
greater than unity, after which co’« D,~? so 
that it continues to increase but at areduced rate. 

For a more exact description of the solution 
it is necessary to substitute numerical values. 
The rate of production of fission vacancies per 
lattice site A’ may be taken as 3 x 10-10 N for 
an irradiation experiment where 0.3 % burn-up 
is achieved in 4 months. A value for N of about 
103 is usually taken; this is the 2/3 power of 
25 000, the total number of displaced atoms 
per fission as calculated on energy considera- 
tions 16), the assumption being made that these 
atoms form a sphere and only those on the 
surface are able to escape. The same result is 
obtained by estimating the number of atoms 
to be removed from the fission spike in order 
to relieve the instantaneous stresses set up due 
to thermal expansion and melting in the dis- 
ordered region. 


a> 
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Fig. 5 shows the variation of logiocoY against there are also curves showing the vacancy 
logioCeY, using the numerical values a?=10~% concentration that would be allowed by a 
em2, ra=10-7 em, Dy=10-exp(—1/kT),ceY= 10 micron grain. Fig. 6 shows the variation of 
exp(—1/kT), N=300 and 3000, 1=10-> cm diffusion coefficient with temperature for atoms 
(kT is measured in eV). For comparison purposes in the lattice, which move by a vacancy 


LOG Co” 


Fig. 5. Calculated variation of net vacancy concentration co’ due to fission, with thermal equilibrium 

concentration c,” of vacancies, assuming either dislocations (density 2.5 x 10°) or grain boundaries (grain 

diameter 10) as sinks and with two alternative values (300 and 3000) for the number of vacancies 
released per fission event. 


N= 3000 
---- N=300 id 


[OA ee ee [ee sy Hae Set Seat; 
600 700 800 300 1000 


T (*k) 
Fig. 6. Variation of diffusion coefficient D of an atom moving by a vacancy mechanism (activation energy 
for jumping = 1 eV) with absolute temperature, for the four cases shown in fig. 5. 
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mechanism with an activation energy for jump- 
ing of 1 eV, for example, using the same para- 
meters as above. This type of result may be 
expected to apply approximately to fission 
gases. It should again be pointed out that 
because of the approximations involved it is 
only the more qualitative features of these 
curves that are to be regarded as significant. 


4. Discussion 


4.1. THE IMPORTANCE OF THE SCALE OF BUBBLE 
FORMATION 


The invariable association of larger bubbles, 


_ e.g. greater than one micron, with large density 


changes, and conversely of small changes with 


small bubbles (determined experimentally) point 
to the importance of bubble size. Large bubbles 
can arise from nucleation at widely separated 
points or from the link-up of smaller bubbles. 
In either case, surface tension forces have smaller 
significance and, when high excess pressures 
are built up, the matrix can deform plastically 
by dislocation generation. Reduction of creep 
strength by thermal cycling, where it occurs, 
can then allow enhanced bubble growth. Al- 


- though it was suggested in section 2.2 that 


bubble spacing should be fairly constant there 
will be certain structural properties, such as the 
dislocation network which are likely to affect it, 
and as will be shown below, small changes in 
bubble spacing may produce large swelling 
changes. 

For material having a low volume increase, 
it is inferred from section 3.5 that surface 
tension forces are always significant and that p 
does not exceed 2y/ro by more than a few 
percent. Making the approximation p w 2y/ro 
and assuming a bubble spacing 271, the swelling 
can be assessed from the three equations: 

(i) fractional volume increase 

(V — Vo) Vo=(4n/3)(r0]2r1)8, 
assuming a perfect gas law 
p(V—Vo)/Vo=KeT, where K is a con- 
stant and c is the atomic concentration of 
fission gases, 


p » 2y/ro, 


(ii) 


(iii) 


from which it is readily shown that 
(V—Vo)[Vo © (3/40y3)'(KeT'ri)™. 


Using the values, c=6 x 10-4 corresponding to 
0.3% burn-up, 7=800°K, 27;=5x 10-5 em, 
y= 108 erg/cm?, K = 8.6 x 106 dyne/cm °C (calcu- 
lated from the data: 1 % burn-up of 1 cm? of 
uranium gives 4.7 cm? of fission product gases 
at NTP), the volume increase is about 1.6 % 
to which must be added the contribution of 
0.7 % from solid fission products. The value of 
2.3 % is only approximate but is in reasonable 
agreement with recent results (table 1) from 
irradiation experiments. 

Swelling is very sensitive to bubble spacing. 
If, for example, bubbles nucleate at distances 
of 2.5x 10-4 cm apart (i.e. five times greater 
than in the above case), the swelling is increased 
to about 12%. At this value, bubbles are 
becoming close together and, unless the bubble 
size and spacing are very uniform, some break- 
down of the intervening matrix walls is likely 
and this will lead to considerably enhanced 
swelling. Variation in the distance apart at 
which bubbles are nucleated may therefore 
account largely for the considerable diversity 
in results on materials of only slightly different 
composition or heat treatment. 

Where the nucleation spacing is known, some 
assessment may be made of the volume increase 
for a given burn-up. If the spacing is uniform 
throughout at 0.5 microns and thermal cycling 
or other extraneous stresses do not occur, a 
burn-up of ~ 1 % may be achieved before the 
volume increase exceeds 10 %. Generally, how- 
ever, these conditions are not fulfilled and large 
swelling may occur after ~ 0.5 °% or even lower 
burn-up as is often observed experimentally. 


4.2. 


The early theories of swelling, based entirely 
on macroscopic considerations such as creep 
and yield properties, are not valid for the fine 
bubbles (with spacing less than a micron) often 
found in «-uranium irradiated between ~ 0.1 
and 0.4 % burn-up at nearly constant temper- 
ature in the range 200 to 600° C. In these cases 
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surface tension is an important restraining 
factor and it is not possible to generate dis- 
locations, e.g. by a Frank-Read source mecha- 
nism, in the neighbourhood of the bubbles 
unless extremely large gas pressures are deve- 
loped. The present calculations suggest that 
growth will occur by vacancy diffusion, as in 
Herring—Nabarro creep, but the present process 
operates at much lower temperatures because 
vacancies and interstitials are continually 
created by the fission process; the net result is 
as if the thermal equilibrium concentration of 
vacancies were maintained between the bubbles 
(see eq. (10)) so remove that they are not re- 
quired to diffuse over distances as large as the 
grain dimensions. 

From assessing the rate of growth by vacancy 
diffusion of gas bubbles spaced 0.5 microns apart 
(assuming the concentration of vacancies is 
maintained at 10-® throughout the irradiation 
period) it is concluded that sufficient vacancies 
are available so that at 600° C p exceeds 2/79 
by only a few percent. The criterion p= 2y/ro 
closely predicts many observed bubble sizes. 
At lower temperatures, vacancy diffusion be- 
comes progressively more difficult and larger 
excess pressures are anticipated. The excess 
pressure also increases when bubbles are more 
widely spaced and in cases where p becomes 
significantly greater than 2y/ro, bubble growth 
by dislocation generation can occur. In the 
calculations it is assumed that each fission event 
introduces about 1000 interstitials and vacancies 
into the material and these (apart from the 
small fraction of vacancies which assist in 
bubble growth) annihilate one another during 
diffusion or are trapped along dislocation lines 
or on grain boundaries. The dislocation lines 
appear to be the more efficient sinks, provided 
that all the vacancies and interstitials arriving 
at the centre of a dislocation are completely 
trapped, and hence grain size should not affect 
fine scale swelling. If the sinks trap one type of 
point defect more efficiently than the other then 
the situation is more complex and greatly in- 
creased swelling may result if, for example, 
vacancies in excess of the thermal equilibrium 
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value are available to condense on the bubbles. 

The calculation of the scale of homogeneous 
bubble nucleation suggests that heterogeneous 
nucleation is most likely to occur where nuclei 
are present on a scale of less than a micron. This 
leads to the probable important role of disloca- 
tions as favourable nuclei for bubble growth 
since they are present on this scale and their 
effective binding energy with fission product 
gas atoms is considerable. There is now every 
incentive to check this directly by experiment 
by ‘‘seeing”’ dislocations and gas bubbles using 
electron beam transmission through thin films 
of suitably irradiated uranium. It appears that 
there is little point in attempting to produce 
many fine stable precipitates of second phases 
(~ 10-5 cm diameter) as nuclei, or of irradiating 
material at a low temperature (e.g. 200° C) prior 
to irradiation at a higher temperature, as has 
been proposed to reduce the extent of swelling. 

Where bubbles are maintained on a fine scale, 
surface tension forces exert strong restraint so 
that the material is not expected to react 
strongly to post-irradiation heat treatment. 
This is in line with experimental results which 
show that uranium fuel elements do not swell 
catastrophically until they are thermally cycled 
or heated for a considerable time at temperatures 
high in the y range. 

The recent experimental results and present 
analysis of swelling both suggest that some 
confidence can be established in «-uranium as 
a reactor fuel to a burn-up of at least 0.4 % 
up to temperatures of at least 600° C. Cases 
where unacceptable behaviour occurs within 
these limits are sometimes associated with severe 
thermal cycling or the presence of certain 
alloying additions but their precise effects are 
not understood. The theory developed so far 
appears adequate for explaining fine scale 
swelling phenomena with up to a few per cent 
increase in volume. The scale of bubble nucle- © 
ation is of great importance and where it exceeds 
a spacing of about a micron, may be responsible 
for some very large swellings observed. 
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Appendix 


‘The differential equation derived in section 
3.5 for the rate of growth of a gas bubble by 
vacancy diffusion may be integrated for suffi- 
ciently small values of t. An upper bound to the 
solution of 


dro/dt = at/ro* — B/ ro? 


is obtained when there is no vacancy flow 
retardation to the bubble growth, i.e. p= 2y/ro, 
giving 7=(at/B)?. We derive here the first 
order correction to this. Let 


ro=(at/B)*(1 +6), 


where é(t) is to be calculated. On substituting 
into the differential equation above, expanding 
all terms in powers of ¢, and retaining only 
linear ones, we have 

de /dt+ e[(1/2¢) + (485/c3t3)?] = — 1/2¢. 
This is an equation of standard form, for which 


the solution is 


e= — dt exp(16f5/«3t)? 
t 
i t- exp —(16f5/a3t)! dt. 
0 


On making the change of variable y? = 1665/at 
and using the result 


oe) 
e-y e-y 
| rm Rr for yl, 


y 


we find that «= —1/y. The resulting solution of 
the differential equation is therefore 


r= (at|[B)!— 0%] 468, 
provided that «<1. 
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Des monocristaux imparfaits d’uranium «a, obtenus 
par changement de phase, ont été tractionnés de 
2 a 15 %. Suivant lorientation de ces monocristaux, 
les modes de déformation sont différents. Nous pouvons 
observer, soit des bandes de déformation accompagnées 
de glissements, soit des glissements majeurs et des 
macles mineures, soit des macles majeures. Nous avons 
été ainsi amenés & déterminer lequel de ces modes de 
déformation pouvait se produire pour une orientation 
donnée d’un monocristal. 

Ces échantillons tractionnés sont recuits en haut 
de la phase «: suivant l’orientation initiale et l’écrouis- 
sage obtenu par traction, ils peuvent soit se restaurer, 
soit recristalliser a gros grains. Nous avons donc 
déterminé, pour une orientation et un mode de 
déformation donnés, les taux d’écrouissage critique 
favorables a une recristallisation a gros grains. II 
semble, d’aprés notre étude, que la déformation par 
glissement ou maclage majeurs serait la plus propice 
a Vobtention de gros cristaux parfaits d’uranium «. 
Par contre la déformation par bandes de déformation 
conduit par recuit & de nombreux grains étroits et 
allongés d’orientation similaire qui ne coalescent pas 
entre eux. On peut done conclure que la déformation 
par glissements et macles majeurs serait le mode de 
déformation idéal pour la croissance de gros cristaux 
parfaits. 


Imperfect «-uranium single crystals, prepared by 
phase transformation, were extended by 2-15 %. 
Different deformation modes were observed, according 
to the crystal orientation; the combinations included 
deformation bands accompanied by slip, slip with 
some twinning, or predominantly twinning. We deter- 
mined which of these deformation modes operated in 
a crystal of given orientation. 

These extended samples were annealed at a high 
temperature within the « range, and underwent either 
recovery or recrystallisation, according to the initial 
orientation and the extension. We determined the 
critical extension which, for a given orientation and 


deformation mode, favoured the formation of large 
recrystallized grains. It appears, according to this 
study, that deformation by slip or by predominant 
twinning is the most favourable for producing large 
perfect crystals of «-uranium. Annealing of crystals 
which had deformed by the creation of deformation 
bands, on the other hand, generated numerous narrow 
and elongated grains of closely similar orientations, 
which did not coalesce with each other. The conclusion 
is drawn that slip, with predominant twinning, is the 
ideal mode of deformation for growing large perfect 
crystals. 


Fehlerhafte EKinkristalle des x-Urans, hergestellt durch 
Phasenumwandlung, wurden um 2 bis 15 % gedehnt. 
Je nach der Kris tallorientierung nahmen verschiedene 
Mechanismen an der Verformung teil. Hntweder 
sich Deformationsbander zusammen mit 
Gleitung bilden, oder man findet ausgepragte Gleitung 
Zwillingsbildung, oder ausgepragte 
Zwillingsbildung. Wir priiften welche von diesen sich 
bei einer gegebenen Kristallorientierung bilden. 

Die gereckten Proben wurden bei einer hohen 
Temperatur innerhalb des «-Gebietes gegliitht; je nach 
der Ausgangsorientierung und des Reckgrads konnten 
sie sich entweder erholen, oder grobk6érnig rekristalli- 
sieren. Bei gegebener Ausgangsorientierung und 
Verformungsmechanismus suchten wir denjenigen 
kritischen Reckgrad, der sich am besten zur Herstel- 
lung grosser Korner eignete. Es scheint, dass die 
Verformung durch Gleitung oder vorwiegende Zwil- 
lingsbildung am vorteilhaftesten ist fiir die Herstellung 
grosser, vollkommener «-Urankristalle. Zum Gegenteil 
fiihrt das Glihen von Kristallen, die Deformations- 
bander enthalten, zu einer grésseren Anzahl schmaler 
und langer Korner, mit untereinander &hnlicher 
Orientierung, welche aber nicht zusammenwachsen. 
Man kann den Schluss ziehen, dass Gleitung mit 
ausgepragter Zwillingsbildung sich am besten eignet 
zar Herstellung grosser, vollkommener Kristalle. 
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1. Introduction 


L’obtention de gros cristaux parfaits d’ura- 
nium « par “‘écrouissage critique” des mono- 
cristaux trés imparfaits 2) obtenus par change- 
ment de phase implique la connaissance exacte 
du mécanisme de déformation de ces mono- 
cristaux en fonction de Vorientation de ’axe de 
traction, En effet 


mis en jeu lors de lécrouissage qui définit 


, e’est le mode de déformation 


Vallongement maximum a donner au mono- 
cristal de départ pour obtenir par un recuit 
ultérieur les plus gros grains de recristallisation 
possible. En outre les mécanismes de déformation 
jouent un réle trés important dans les relations 
orientation cristaux recristallisés et 
monocristal de départ. 

Notre étude comportera trois parties: 

1°) 
mation des monocristaux imparfaits d’uranium 
par traction en fonction de leur orientation. 

2°) Etude des relations d’orientation entre 
cristaux de recristallisation et 
initial. 

3°) Détermination de l’écrouissage critique 
en fonction de Vorientation des monocristaux 
(uranium. 


entre 


Détermination du mécanisme de défor- 


monocristal 


2. Etude du Mécanisme de Déformation des 
Monocristaux imparfaits d’Uranium en Fonc- 
tion de la Direction de l’Axe de Traction 


L’étude des mécanismes de déformation de 
Puranium fut d’abord réalisée par Cahn 3) sur 
des échantillons 4 petits grains (1 & 2 mm de 
diamétre) obtenus par écrouissage critique de 
tdles polycristallines. La déformation fut effec- 
tuée par traction, compression ou cyclage 
thermique. Si la nature du mode de déformation 
put étre ainsi trés bien déterminée, le rdle des 
joints de grains permettait difficilement de 
déterminer le rdle de orientation de chaque 
grain sur son mode de déformation. La fig. 1 
montre cependant, d’aprés les résultats de Cahn, 
les régions du triangle stéréographique pour 
lesquelles la déformation par macles doit étre 
exclue. 

Lloyd et Chiswik 4) déformérent par com- 
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Fig. 1. Zones de formation des macles d’aprés Cahn *). 


Les zones & hachures simples correspondent & l’absence 
de macles par compression, celles & doubles hachures 
correspondent & Vabsence de macles par traction. 


pression des monocristaux parfaits obtenus par 
grossissement du grain en présence d’une phase 
dispersée 5). La figure 2 montre les régions de la 
projection stéréographique ot tel ou tel méca- 
nisme de déformation est prédominant suivant 
la nature de la direction cristallographique 
paralléle & Paxe de compression. 

Dans le cas de notre étude, nous avons 
essentiellement opéré par traction. Les conditions 
eéométriques de la déformation jouent alors un 
role particulier. En effet, par traction les 
mordaches restant alignées, la déformation de 
Péprouvette a toujours tendance a amener le 
plan de glissement dans une position paralléle 
& Vaxe de traction. Par contre, en compression 
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Fig. 2. Mécanismes de déformation de uranium en 
fonction de la direction de axe de compression, d’aprés 
Lloyd et Chiswik4). Les glissements (010) se mani- 
festent pour toutes les orientations. Les macles (130) 
apparaissent dans la zone (B + C), les macles (172) 
dans la zone B, les macles (176) ainsi que les ‘‘cross- 
slips” et les glissements (011) dans la zone (D + BE), 
les bandes de déformation dans la zone EB. 
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le plan de glissement tend a étre rabattu 
parallelement aux plaques de compression. I] 
en résulte dans les deux cas des hétérogénéités 
de déformation dont le réle au cours du recuit 
ultérieur peut étre important. En outre, une 
macle d’indices donnés (130), ‘(172)’, “(176)” 
- ou (112) pour luranium pourra apparaitre pour 
une orientation déterminée du cristal sous l’effet 
dune compression, si celle-ci provoque un 
raccourcissement de l’échantillon. Cette méme 
macle n’apparaitrait pas pour la méme orien- 
tation du cristal soumis a une traction. Inverse- 
ment, une macle apparaissant par traction 
conduit a un allongement du cristal et n’appa- 


Fig. 3. Orientation d’un cristal d’uranium favorable 
a la formation d’une macle par compression. Le plan 
de la figure représente la section droite d’une éprouvette 
plate d’uranium paralléle a la direction P de com- 
pression et orientation du cristal est telle que le plan 
de cisaillement (normal 4 K, et K, et contenant la 
direction 7, de cisaillement et la direction 7) est dans 
le plan de la figure. 


Fig. 4. Méme figure dans le cas oti lorientation est 
favorable au déclenchement de la macle (Kiyj1, Ker) 
par traction: cette macle allonge de A L le monocristal. 
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raitra donc pas au cours d’une compression. 
(comparer les figures 3 et 4). 

Nous avons donc repris systématiquement 
Vétude du mode de déformation en fonction de 
Vorientation de monocristaux de changement 
de phase P — «. Une étude soignée du gradient 
fp —> « nous a permis d’accroitre leur perfection. 
Un gradient accusé (120°/em) permet de 
minimiser le long de la bande de métal les 
déplacements du front isotherme /— « dus 
aux oscillations de la régulation thermique. 
Enfin un déplacement horizontal des échantillons 
permet d’éviter le fluage des monocristaux sous 
leur propre poids 4 haute température. Les 
monocristaux obtenus présentaient des des- 
orientations dépassant rarement 5°. La fig. 5 
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Fig. 5. Orientations des cristaux de changement de 
phase examinés au cours de cette étude. Sont projetés 
sur le triangle stéréographique les pdles des plans 
perpendiculaires a Vaxe de croissance du cristal, 
lui-méme paralléle a Vaxe de traction. 


@(010) MAJEUR 
0(110) MINEUR 


@(172) MAJEUR 
0130) MINEUR 


Fig. 6 Fig. 7 
Fig. 6. Schéma d’un cristal déformé par glissement. 
Systeme (010) majeur. Systeme (110) mineur. 


Fig. 7. Schéma d’un cristal déformé par macles (172) 
systeme majeur) et par macles (130) (systeme mineur). 
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Fig. 8. Cristal déformé par glissement (010) prépon- 
dérant, “‘cross-slip’’ et macle (130) mineurs, x 150, 


Fig. 9. Cristal déformé par bandes de déformation 
et glissement (010). Les deux mécanismes sont majeurs. 
x 150. 
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Fig. 10. Cristal déformé par glissements (010) et 
macles ‘(172)’ (M) majeurs. x 150. 


Fig. 11. Cristal déformé par macles majeures (112). 
Il y a quelques rares macles M’ d’un autre systéme 
mineur. x 150. 
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rassemble sur une projection stéréographique 
toutes les orientations des monocristaux impar- 
faits obtenus par cette méthode. Les mécanismes 
de déformation observés ont été indicés par la 
méthode des lieux de pdles 3). Nous les passerons 
successivement en revue. 

Nous avons distingué les mécanismes de 
déformation qui se manifestent suivant lorien- 
tation de l’axe de traction dune fagon majeure 
ou mineure. 

Nous préciserons ce que nous entendons par 
“majeure” ou ““mineure’’. A un stade de la défor- 
mation du monocristal, tel ou tel mode de 
déformation plastique peut intéresser un volume 
plus ou moins grand du monocristal. Par 
exemple, on peut observer d’une extrémité a 
Vautre de la surface du monocristal tractionné 
une densité a peu pres uniforme de lignes de 
glissement d’un systéme, tel que (010), [100] 
et quelques lignes de glissement éparses d’un 
autre systéme tel que (110), [001]: le premier 
systeéme (010), [100] sera dit mécanisme majeur 
et (110), [001] mécanisme mineur (fig. 6). Il en 
sera de méme pour les macles. Nous verrons 
ultérieurement par exemple que trés souvent les 
macles (130) sont courtes et dispersées et au 
contraire les macles (112) ou ‘‘(172)”’ recouvrent 
uniformément le cristal. Les macles (130) seront 
dites mécanisme mineur et (112) ou “(172)” 
mécanisme majeur (fig. 7). L’appellation “‘ma- 
jeure”’ pour un mécanisme donné de déformation 
n’exclut pas la simultanéité de deux mécanismes 
différents. Ces notions de mécanisme de défor- 
mation mineur ou prépondérant sont expli- 
citées sur les figures 8, “Glissements prépondé- 
rants et macles mineures’’, 9, ‘““Bandes de 
déformation prépondérantes’”’, 10, “‘Macles et 
glissements prépondérants’’, 11, ““Macles pré- 
pondérantes’’. 

L’écrouissage critique se situant entre 2 et 
15 % suivant l’orientation du cristal, nous avons 
classé les résultats suivant les modes de défor- 
mation majeur ou mineur apparaissant dans les 
trois intervalles d’écrouissage de 0 a 5 %, de 
5a 10% et de 10 a 15 %. Les résultats sont 
rassemblés sur des projections stéréographiques 
ou sont reportés les pdles des plans perpendi- 


culaires 4 l’axe de traction. Pour toutes les 
projections, les mécanismes, majeurs ou mineurs 
sont classés, suivant le taux d’écrouissage par 
la représentation suivante 


@ majeure © 
Q majeure OD 


A majeure /\ 


ORC 20/5 
Bes 1019 


mineure pour 
mineure pour 


mineure pour 10<e< 15%. 


2.1. GLISSEMENTS 
1°) Systeme (010), [100]. 

C’est le systéme de glissement le plus impor- 
tant par déformation a la température ambiante. 
Tl a été bien mis en évidence par Cahn, puis 
Lloyd et Chiswik. Il n’apparait cependant pas 
pour certaines orientations ot il est remplacé 
par des systemes de glissement mineurs (110) 
ou (011) et par les macles (112), (fig. 12). 
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Fig. 12. Orientations des axes de traction conduisant 
au systéme de glissement (010), [100]. 


2°) Systéme (110), [001] ow (110), [110]. 

Le plan de glissement (110) a été observé par 
traction de polycristaux a la température 
ambiante par Cahn, sans que celui-ci puisse 
définir la direction de glissement. Cahn a 
proposé la direction [110] pour des raisons 
théoriques (conservation des liaisons covalentes). 
Par contre Teeg ®) a observé le méme glissement 
(110) par compression a —192°C de mono- 
cristaux et a déterminé une direction de 
glissement [001]. 

Ce plan de glissement a été contesté par 
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Lloyd et Chiswick dans le cas de la compression 
de monocristaux dla température ambiante, mais 
il a été observé par les mémes auteurs par com- 
pression & 600° C”), la direction de glissement 
étant celle trouvée par Cahn. Nous avons nous 
méme observé le plan de glissement (110) par 
traction, A température ambiante, sans pouvoir 
cependant déterminer la direction de glissement, 
pour un nombre limité d’orientations (fig. 13). 


3°) Systéme (011), [100]. 
Il a été observé en premier lieu par Lloyd et 
Chiswik par compression. Nous Pavons observé 
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Orientations des axes de traction conduisant 
au systéme de glissement (110). 
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Fig. 14. Orientations des axes de traction conduisant 


au systéme de glissement (011). 
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par traction se développant d’une maniére 
majeure pour un nombre limité d’orientations 
(fig. 14). 

4°) “Cross-slip” (001), [100]. 

Les “‘cross slip” correspondent a lapparition 
de deux plans de glissement ayant méme 
direction de glissement (fig. 15). Les différents 
auteurs ont tous observé le cross-slip (001) [100] 
associé au glissement principal (010) [100]. Nous 
lavons observé de facon majeure pour les 
orientations correspondant au coin (010) du 
triangle stéréographique (fig. 16). 


2.2. BANDES DE DEFORMATION 


Celles-ci ont été observées en premier par 
Cahn quand |’axe de compression était paralléle 
& la direction de glissement [100]. Ceci a été 
contirmé par Lloyd et Chiswik 4). 

En plus du cas ott l’axe de traction est situé 
dans le plan de glissement, nous avons observé 
la naissance de bandes de déformation quand 
Vaxe de traction est situé dans un plan perpen- 


Fig. 15. Cristal déformé par glissement majeur (010) 
[100] et “cross-slip” simultané (001), [100]. x 150. 
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Fig. 16. Orientations des axes de traction conduisant 


a la formation de “cross slips’’. 


diculaire 4 la direction de glissement principal 
[100] ou dans un plan voisin. Dans ces deux 
cas, la bande de déformation résulte d’une 
rotation du réseau permettant un glissement 
plus aisé, celui-ci ne pouvant apparaitre directe- 
ment. Ces bandes de déformation apparaissent 
surtout pour les orientations voisines des trois 
axes [001], [010] et [100]. 

Pour d’autres orientations, d’autres méca- 
nismes plus faciles 4 déclencher, comme les 
macles “(172)” ou (112), se substituent aux 
bandes de déformation (fig. 17). 
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Fig. 17. Orientations des axes de traction conduisant 
a la formation de bandes de déformation. 
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Pour des taux d’écrouissage plus élevés, les 
extrémités des éprouvettes monocristallines 
restant alignées, le réseau a toujours tendance, 
si la déformation se fait essentiellement par 
glissement, a coucher le plan de glissement sur 
la direction de traction. Les distorsions ainsi 
imposées au monocristal par les conditions 
géométriques de la traction créent des bandes 
de pliage au-dela d’un certain taux d’écrouissage. 
Ceci est particuliérement net pour les axes de 
traction situés dans le plan (001) ott Je glisse- 
ment (010) [100] se fait toujours favorablement, 
sauf au voisinage des axes de référence [010] 
et [100] (fig. 12). | 

L’évolution de la forme des bandes de défor- 
mation au cours de l’écrouissage croissant est 
particulierement caractéristique. Les figures 18, 
19 et 20 montrent l’évolution d’une méme plage 
aprés traction de 2 %, 4 % et 10 %. La bande 
de déformation B conserve sensiblement la 
méme forme et le méme développement au cours 
de l’écrouissage croissant, cependant que de 
nouvelles bandes de déformation se développent 
de part et d’autre de B. Celle-ci cependant doit 
étre soumise a des contraintes au cours de la 
naissance des autres bandes puisqu’il apparait 
sur la surface de la bande B un nombre 
croissant de macles courtes (130). Ces macles 
n’apparaissent pas au contraire dans la matrice 
tant que celle-ci reste déformée uniquement par 
glissement. Dans le cas de ect échantillon, la 
matrice ne se trouvait pas initialement dans une 
orientation favorable au déclenchement des 
macles (130) par traction. 

La fig. 21 montre en outre que le passage 
d’une bande a sa voisine est accompagné d’un 
pliage brutal des lignes de glissement en traver- 
sant la limite de chaque bande. On n’observe 
pas, contrairement aux bandes des métaux 
cubiques a faces centrées, une zone de courbure 
continue servant de transition entre la matrice 
et la bande de déformation. Enfin l’aspect des 
lignes de glissement montre que certaines bandes 
de déformation en forme de fer de lance 
correspondent a deux rotations en sens inverse. 
Les diagrammes de Laue montrent qu'il s’agit 
bien d’une rotation du réseau de la matrice 
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Fig. 18. Monocristal déformé par bandes de défor- Fig. 20. Méme plage que Fig. 19. Multiplication 
mation. Aspect des bandes de déformation aprés des bandes de déformation aprés traction de 10 %. 
traction de 2%. x 300. x 300. 


Fig. 19. Méme plage que Fig. 18. Multiplication Fig. 21. Pliages brutaux des lignes de glissement 
des bandes de déformation aprés traction de 4%. & Vintersection de chaque limite des bandes de 
x 300. déformation. x 400. 
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Diagramme de Laue en retour montrant 
lastérisme de toutes les taches de Laue dt a l’appa- 
rition des bandes de déformation. Seule la tache (001) 
ne présente pas d’astérisme. 


Fig. 22. 


autour de l’axe [001] perpendiculaire a la 
direction de glissement, (fig. 22), puisque la 
tache (001) ne présente pas d’astérisme alors 
que toutes les autres taches en présentent. 


2.3. MAcLES 


Cahn, puis Lloyd et Chiswik et enfin Teeg 
ont montré l’existence de plusieurs systemes de 
macles tels que (130), [310], ‘(172)’, [3812], 
lO) ibd 2h alte), 1372)", (121), “(321)}°. 
Dans le cas de la déformation de monocristaux 
on peut en principe prévoir quelles sont les 
orientations des monocristaux qui sous l’action 
d’une sollicitation extérieure par compression 
ou par traction sont susceptibles de déclencher 
de préférence tel ou tel mécanisme de maclage. 
Par exemple, dans la fig. 3, si Pon se met dans 
le cas particulier oti le plan de cisaillement (qui 
contient les deux directions 71 et 72) est dans 
le plan de figure, on constate facilement que la 
macle (Ki, 71) a toutes chances de se produire 
par compression. En effet, la macle admettant 
K, comme plan de composition et Kz comme 


+ Nous avons indiqué entre guillemets les indices 
irrationnels des plans ou des axes, c’est a dire ce sont 
les indices cristallographiques les plus voisins des plans 
ou des directions réelles de maclage. 


MONOGRISTAUX D’URANIUM « ECROUIS 333 


2éme plan non modifié par le maclage provo- 
quera un raccourcissement du cristal. Au 
contraire dans la fig. 4, ’orientation différente 
du cristal conduira apres maclage a un allonge- 
ment du cristal. Ainsi donc, toutes les directions 
cristallographiques contenues dans le quadrant 
II se macleront par traction suivant le systeme 


(Ki 71, Ke 72). 


1°) Macles (130), [310]. 

Elles ont été mises en évidence par Cahn et 
vérifiées par Lloyd et Chiswik. Ces macles sont 
généralement trés courtes et trés fines. Elles 
constituent rarement un mécanisme de défor- 
mation majeur. On les trouve fréquemment 
pour des orientations correspondant a la région 
du triangle stéréographique (100) (001) (130), 
(fig. 23) +. Leur apparition pour les axes de 
traction au voisinage de l’axe [010] est anormale ; 
elle est due en fait 4 la formation antérieure de 
bandes de déformation qui provoquent une 
rotation du réseau. Le méme phénomene a été 
observé par Chiswik par compression dans une 
région anormale *). 
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Fig. 23. Orientations des axes de traction conduisant 


a la formation des macles (130). 


t Dans les figs. 23 & 27, nous avons reporté les 
grands cercles limitant les régions ot les orientations 
des cristaux sont favorables au déclenchement par 
traction des diverses macles (130), (176) ete. Les régions 
a une seule hachure peuvent développer un seul sys- 
téme, les régions & double hachure deux systémes, etc. 
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2°) Macles “(172)”, [312]. 

D’aprés les considérations géométriques ci- 
dessus nous avons observé le maclage “(172)” 
pour les directions comprises dans le triangles 
(203) (130) (021) d’une part, et (001) (203) (021) 
d’autre part (fig. 24). Pour certaines des orien- 
tations incluses dans ces triangles, le maclage 
“(172)” peut étre majeur. Les macles “(172)” 
sont en général beaucoup plus €paisses et traver- 
sent toute la largeur et l’épaisseur d’un méme 
cristal. Elles apparaissent anormalement au 
voisinage de l’axe [010] d’une maniére mineure 
enraison de l’apparition préalable de bandes 
de déformation. 
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Orientations des axes de traction conduisant 
a la formation des macles “‘(172)”’. 


Fig. 24. 


3°) Macles (112), “[372]’. 

Ce sont avec les macles “(172)” celles qui 
apparaissent le plus souvent d’une facon 
majeure. Elles n’apparaissent dans aucune région 
d’orientation anormale. Rappelons qu’elles n’ont 
pas été observées par Lloyd et Chiswik au cours 
de la compression de monocristaux. Par traction, 
elles apparaissent, comme les macles ‘(172)’, 
sous la forme de bandes étroites couvrant toute 
la largeur d’une méme cristal (fig. 25). 


4°) Macles “(176)”, [512]. 
Elles sont beaucoup plus rares que les trois 
systemes précédents. Elles n’apparaissent que 
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Orientations des axes de traction conduisant 
a la formation des macles (112). 
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d’une maniére mineure, c’est 4 dire sous la forme 
de macles trés fines et trés courtes comme les 
macles (130). Rappelons que Cahn ne les avait 
pas observées par traction de polycristaux, 
cependant que Lloyd et Chiswik, puis Teeg, les 
ont signalées au cours de la compression de 
monocristaux (fig. 26). 
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Fig. 26. Orientations des axes de traction conduisant 
a la formation des macles ‘‘(176)”’. 
5°) Macles (121), “(321)”. 


Mises en évidence par Cahn, elles ont été 
contestées d’un point de vue théorique par 
Frank §) et elles n’ont pas été observées par 
Lloyd et Chiswik. Ce désaccord n’est sans doute 
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qu’apparent et di vraisemblablement au 
nombre limité d’orientations dont disposaient 
ces auteurs. Nous n’avons pas observé de 
maclage (121) pour les directions autres que 
celles prévues par les considérations géométri- 
ques ci-dessus (fig. 27). 


001 


= 


cH ims 
EEE 
Lhe! 
as 
KOS 
N% 


{KES 
Saare! 
PLR PL OR 


m4 “ere 
Be KS 
t } PVA 

NVA KOK 
Weraeicee 
N V/ 4 
KIS XK PSTD 
LAS X KIA KK 

400 (230) 420 
Fig. 27. Orientations des axes de traction conduisant 


a la formation des macles (121). 


3. Etude des Relations d’Orientation entre 
Cristaux Déformés et Cristaux de Recris- 
tallisation 


Le mécanisme de déformation mis en jeu lors 
de l’écrouissage des monocristaux d’uranium 
joue un role prépondérant au cours de la 
recristallisation, tant au point de vue de la 
germination qu’en ce qui concerne les relations 
d’orientation entre cristaux de recristallisation 
et matrice initiale. De plus, suivant le taux de 
déformation, la recristallisation peut n’étre que 
partielle, c’est 4 dire localisée aux endroits les 
plus fortement désorientés lors de l’écrouissage. 
Nous porterons notre étude sur trois cas 
principaux. 


3.1. L’ECROUISSAGE PRODUIT ESSENTIELLE- 
MENT DES BANDES DE DEFORMATION AVEC 
GLISSEMENT (010) ET CROSS-SLIP 


Les bandes de déformation se forment par 
rotation du réseau autour de l’axe [001] situé 
dans le plan de glissement (010) et perpendicu- 


laire & Ja direction de glissement [100]. 
L’écrouissage se révele alors trés hétérogene et 
les bandes de déformation jouent un rdle 
germinatif important. En effet, au cours du 
recuit, la recristallisation se localise le long des 
anciennes bandes de déformation. Les relations 
d’orientation entre cristaux de recristallisation 
et matrice initiale ou restaurée montrent la 
subsistance des relations cristallographiques 
mises en jeu lors de l’écrouissage. 

Deux cas sont 4 considérer: 

3.1.1.) Les cristaux de recristallisation adop- 
tent tous une orientation sensiblement identique 
par rapport a la matrice initiale. 

Exemple: Un monocristal tractionné suivant 
Vaxe [231] donne naissance par recuit 4 8 
cristaux d’orientation (112) [241] + identique 
a 3 degrés prés au sein d’une matrice restaurée 
(115), [231]. L’orientation de ces 8 cristaux de 
forme allongée parallelement a la direction des 
bandes de déformation se déduit de celle de la 
matrice par une rotation autour de laxe 
commun irrationnel “‘[136]” perpendiculaire au 
plan commun irrationnel “(179)” (fig. 28). 

3.1.2.) Les cristaux de recristallisation ont 
seulement un méme plan commun a quelques 
degrés pres avec la matrice initiale ou restaurée. 
C’est le plan (001) perpendiculaire a l’axe de 
rotation de formation des bandes. L’orientation 
de ces cristaux de recristallisation se déduit 
done de celle de la matrice par une rotation plus 


+ L’orientation des cristaux tractionnés est définie 
par le plan cristallographique paralléle au plan de 
Véchantillon et par Vaxe cristallographique paralléle 
a la direction de traction. Cependant pour faciliter 
la comparaison des relations d’orientation entre 
cristaux de recristallisation et le cristal imparfait 
initial (matrice), par rotation avec le réseau de Wulff 
les orientations des cristaux sont reportées sur la 
projection stéréographique de telle sorte que l’orien- 
tation du monocristal initial soit représentée par son 
pole (001) au centre de la projection. De plus, sur ces 
projections stéréographiques, préféré 
représenter les plans cristallins par leurs péles et les 
directions, telle que la direction de l’axe de traction, 
par le plan perpendiculaire a cette direction. Par 
exemple, sur la fig. 28 l’axe de traction est représenté 
par le grand cercle TT’, plan normal & la direction 
de traction. 


nous avons 
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Fig. 28. Projection représentant 
Vorientation sensiblement identique des 8 cristaux 
de recristallisation (représentés par un seul pdle (001) 
situé & 10° environ du centre de la projection, étant 
donné leur similitude d’orientation) et celle de la 
matrice initiale polygonisée réprésentée par le centre 
(001) de la projection. TT’ est axe de traction. Le 
pole (179) est le plan commun a la matrice et aux 
8 cristaux. 
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Fig. 29. Projection stéréographique donnant l’orien 


tation du cristal avant traction C, du méme crista- 
restauré M aprés recuit et de 3 cristaux de recristalli- 
sation 1, 2 et 3. 


ou moins importante autour de l’axe commun 
[001]. Ainsi pour le cristal (1) de la fig. 29, la 
rotation serait de quelque 30 degrés, alors 
qu'elle seraiy supérieure a 90° pour les cristaux 
(2) et (3). 
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Fig. 30. Formation de prononcées de 

recristallisation aprés déformation d’un cristal im- 

parfait par bandes de déformation. 9 cristaux de 

recristallisation d’orientation trés voisine sont formés 

a partir de la matrice M (représentée par le pdle (001) 
au centre de la projection). 


Exemples : a) Un monocristal étiré suivant la 
direction [321] conduit par recuit 4 3 cristaux 
de recristallisation au sein d'une matrice 
restaurée. La figure 29 montre que seul le plan 
(001) est sensiblement conservé pour les orien- 
tations de ces 3 cristaux et celle de la matrice 
restaurée. 

b) Un monocristal tractionné suivant l’axe 
[131] conduit par recuit a 9 cristaux de recristal- 
lisation. La texture est alors trés prononcée, 
Vorientation des cristaux de recristallisation et 
de la matrice étant voisine, les désorientations 
ne dépassent pas celles introduites lors de 
Vécrouissage (fig. 30). 

Le réle germinatif des bandes de déformation 
apparait donc trés important. On retrouve dans 
les cristaux de recristallisation un parallélisme 
a peu prés rigoureux entre leur direction [001] 
et la méme direction dans la matrice initiale. 
Ceci suggére done que les différentes orientations 
des cristaux de recristallisation correspondent 
a différentes valeurs de l’angle de rotation des 
bandes autour de V’axe [001]. La bande de 
déformation qui a subi la plus forte rotation 
vis-a-vis de la matrice donnerait naissance au 
cristal de recristallisation le plus fortement 
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Fig. 31. Orientations de 9 cristaux de recristalli- 

sation par rapport a la matrice M (pdle (001) placé 

au centre de la projection). Les pdles (001) de ces 9 

cristaux sont sensiblement en zone avec l’axe de 

traction TT’. La matrice M avait subi une déformation 

majeure par glissement (010) accompagnée de macles 
mineures (130). 


désorienté par rapport au cristal initial. Ceci 
impliquerait done une recristallisation se déve- 
loppant par le mécanisme de “germination 
orientée”’ comme cela a déja été observé sur les 
monocristaux d’aluminium 9). 


3.2. L’BCROUISSAGE A LIEU ESSENTIELLEMENT 
PAR GLISSEMENT MAJEUR (010) accom- 
PAGNE DE MACLES (130) ET DE “CROSS- 


SLIPS” EN QUANTITE MINEURE 


Ce mode de déformation conduit par écrouis- 
sage critique aux plus gros cristaux; les textures 
de recristallisation ne sont pas prononcées. 
La figure 31 montre les projections stéréo- 
graphiques des cristaux de _ recristallisation 
obtenus par écrouissage de 12 % et recuit d’un 
monocristal tractionné suivant laxe [110]. 
Les plans (001) se révélent alors étre en zone 
avec l’axe de traction. Par contre, bien que 
la macle (130) intervienne d’une fagon mineure 
lors de l’écrouissage, on trouve parfois certains 
cristaux de recristallisation en position relative 
de macle (130) par rapport a la matrice initiale 
(fig. 32). 
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Fig. 32. Pour le méme mécanisme de déformation 

que dans la fig. 31, certains cristaux de recristallisation 

représentés par des péles dont les indices sont soulignés 

en noir) sont en position de macle rigoureuse (130) par 

rapport & la matrice initiale M (pdle (001i) projeté au 
centre, pdle (010) sur Phorizontale). 


Fig. 33. Relation d’orientation entre cristaux de 
recristallisation aprés déformation 
maclage (112) et ‘(172)’. 


majeure par 


3.3. LA DEFORMATION A LIEU ESSENTIELLE- 
MENT PAR MACLAGE “‘(172)’’, (112) ov (121) 


Comme dans les cas précédents, l’étude des 
relations d’orientation entre grains recristallisés 
et matrice initiale montrent que certains 
éléments cristallographiques du maclage méca- 
nique sont également conservés au point de vue 
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de leur orientation au cours de la recristalli- 
sation. 

Nous distinguerons deux cas: 

1°) Les cristaux de recristallisation sont en 
position de macle approchée par rapport a la 
matrice ou entre eux, les éléments cristallo- 
graphiques du maclage mécanique étant par- 
tiellement conservés. 

Exemple: Un monocristal tractionné suivant 
axe [101] se déforme par maclages (112) et 
“(172)”. L’axe de traction étant paralléle au 
plan de glissement (010), il ne peut y avoir 
glissement sur ce plan. Par recuit, on obtient 
3 grains de recristallisation: deux ont la méme 
orientation (112) [021], le troisieme a l’orien- 
tation (112) [121] et posséde un plan (112) 
parallele au méme plan dans les deux premiers 
cristaux. Une rotation de 170° autour de l’axe 
perpendiculaire a ce plan ameéne le réseau du 
3eme cristal en coincidence avec celui des deux 
premiers. Ces cristaux peuvent donc étre 
considérés comme étant en position de macle 
approchée (112), d’autant plus que l’axe de 
rotation est voisin de l’axe binaire de maclage. 
Le plan (112) était plan de symétrie lors du 
maclage mécanique, il devient plan de pseudo- 
symétrie aprés recuit entre deux cristaux de 
recristallisation (fig. 33). 
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Fig. 34. Relations d’orientation entre 9 cristaux de 
recristallisation et la matrice M aprés déformation 
majeure par maclage (112). 
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2°) Les cristaux de recristallisation sont en 
position de macle exacte, les éléments cristallo- 
graphiques du maclage étant totalement con- 
servés. 

Exemple: Un monocristal tractionné suivant 
Vaxe “‘[616]’’ se déforme essentiellement par 
macle (112). Par recuit, on observe l’apparition 
de 9 cristaux de recristallisation dont les 
projections stéréographiques sont données sur la 


Fig. 35. Relations de macle rigoureuse (112) entre 
un des cristaux de recristallisation de la fig. 3 
soulignés en noir) et la matrice M. 
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Fig. 36. Relations de macle approchée (112) entre 

un. des cristaux de recristallisation de la fig. 34 et la 

matrice M (le péle (112) de droite est celui de la 
matrice). 
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Fig. 37a. Monocristal imparfait déformé par maclaze Fig. 38a. 


Monccristal déformé par maclage majeur 
majeur. x 100. 


aprés traction de 3%. x 150. 


Fig. 37b. Méme plage du monocristal aprés recuit. Fig. 38b. Méme plage du monocristal aprés recuit. 
On. observe la disparition presque compléte des macles On observe I’élargissement des macles de déformation 
dans certains sous-grains et leur coalescence dans mais dans ce cas il n’y a pas de disparition compléte. 
d’autres. x 100. (B, B, B; et B, sont 4 sous-grains.) « 150. 
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figure 34. Leurs orientations sont assez diffé- 
rentes l'une de l’autre. Cependant deux des 
cristaux sont par rapport au réseau de la 
matrice l’un en position de macle exacte (112), 
(fig. 35), l'autre en position de macle (112) 
approchée (fig. 36). 

L’évolution d’un monocristal imparfait dé- 
formé essentiellement par maclage au cours d’un 
recuit peut avoir lieu par trois processus 
différents. 

1°) S’il y a deux systémes différents de 
macles, leur intersection peut donner naissance 
a des germes de recristallisation par un processus 
classique analogue a la formation de germes aux 
intersections de deux systémes de glissement 1°). 

2°) Sil y a un systeme de macles majeur 
“(172)”, (112) ou (121), on observe une corré- 
lation entre le comportement au recuit des 
macles et des sous-joints du monocrista] im- 
parfait. A Vintérieur de certains sous-grains, 
des macles disparaissent et d’autres s’élargissent 
au cours du recuit comme s’il y avait coalescence 
entre deux macles voisines (figs. 37a et 37b). 

Les figs. 38a et 38b donnent un autre exemple 
caractéristique de ces faits. Dans la figure 38a, 
le cristal imparfait a été déformé par traction 
de 3 % avec un mécanisme majeur de maclage. 
Les sous-joints de ce cristal sont matérialisés par 
des changements d’orientation des macles a leur 
intersection avec les sous-joints. Aprés recuit, 
les macles (apparaissant en plus sombre sur la 
matrice claire) ont presque totalement disparu 
dans le sous-grain By, alors qu’elles sont en plus 
grande quantité dans le sous-grain Bg. 

Le probleme se pose de savoir pour quelle 
raison certains sous-grains voient les macles 
grossir et coalescer alors que d’autres voient les 
macles se résorber par le recuit. La dimension 
transversale des sous-grains ne permet pas mal- 
heureusement de déterminer par rayons X avant 
et aprés recuit la répartition des désorientations 
entre sous-grains voisins; dans le cas ot cette 
détermination serait possible, on pourrait en effet 
confirmer la validité de l’explication que nous 
proposons. Supposons en effet deux sous-grains 
voisins B; et Bz ayant une orientation nette- 
ment différente avant le recuit. Si au cours du 
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recuit l’un des sous-grains B; absorbe son 
voisin By par migration de leur limite commune, 
les macles mécaniques qui préexistaient dans 
le sous-grain By cesseraient d’étre en position 
rigoureuse de macle vis-a-vis de la matrice Be 
dont orientation aprés recuit est devenue celle 
de B,. Le passage de l’orientation rigoureuse de 
macle a l’orientation approchée doit modifier 
l’énergie interfaciale du joint séparant la 
matrice des macles initiales. Dans le cas de la 
macle mécanique, cette énergie serait minimum 
minimorum et apres recuit cette énergie devien- 
drait appréciable permettant ainsi une migra- 
tion des joints dans une direction normale au 
plan de composition de la macle. Nous n’avons 
que deux preuves indirectes 4 l’appui de cette 
hypothése: les relations d’orientation des macles 
vis-a-vis de la matrice cessent d’étre rigoureuses 
apres recuit et les joints limitant les macles ne 
sont plus absolument rectilignes (fig. 39). 

3°) Si Pécrouissage par traction a été plus 
peut assister simultanément au 
précédent de coalescence ou de 


élevé, on 
processus 


Fig. 39. recuit. Ici la 


Monocristal tractionné et 
coalescence des macles est plus importante et leurs 
contours ne sont plus rectilignes. x 150. 


RECRISTALLISATION 


disparition des macles et a la croissance de 
nouveaux cristaux de _ recristallisation. La 
croissance de ces cristaux s’effectue aux dépens 
des régions a macles coalescées parallélement 
au plan de composition de ces macles. Dans la 
figure 40 un cristal de recristallisation a structure 
parfaite R se développe aux dépens de la matrice 
initiale M maclée. Celle-ci contient quelques 
bandes de macle et elle est bordée de part et 
d’autre de deux régions P et P’, a structure 
imparfaite, dues a une coalescence de certaines 
macles (112). Dans ce cas, R est en position 
rigoureuse de macle (112) par rapport a M. 
M, déformé par macles (112) et (112), ne contient 
plus, aprés recuit, que des macles (112) appro- 
chées comme P et P’. 

On peut se demander quelle est l’origine de 
la croissance de ces cristaux de recristallisa- 
tion qui ont une morphologie caractéristique. 
D’une part, certaines parties du joint entre 
cristal de recristallisation et partie maclée sont 
rectilignes et paralléles aux joints des macles. 
D’autre part, l’interface entre cristal R et région 
maclée présente des points de rebroussement a 
chaque point de rencontre des joints de macle 
avec Vinterface. Ceci suggere que la force 
motrice nécessaire a la croissance du cristal de 
recristallisation est fournie par Vénergie inter- 
faciale des joints de macle. Ceci est d’autant 
plus probable que cette énergie n’est pas 
mnmum minimorum puisqu'il s’agit de macles 
approchées (de 5 a 10° pres). Le processus de 
croissance des cristaux de recristallisation R 
serait donc analogue a celui observé par Aust et 
Rutter 12) dans la croissance de cristaux parfaits 
a partir d’une structure imparfaite dont les 
sous-joints ont une énergie interfaciale suffisante 
pour donner la force motrice nécessaire a la 
migration des joints (fig. 41). 


4. Ecrouissage Critique en Fonction de l’Orien- 
tation des Monocristaux d’Uranium 


Nous définirons l’écrouissage critique comme 
étant Vécrouissage minimum nécessaire au 
développement par recuit de nouveaux cristaux 
parfaits dorientation différente de celle du 


monocristal initial. Rappelons que cette recris- 
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Fig. 40. Croissance d’un cristal de recristallisation R 

se développant aux dépens de la matrice maclée M. 

La croissance s’effectue dans une direction préféren- 
tielle paralléle aux joints de macle. x 150. 


Interface entre le cristal de recristallisation 
R et la matrice maclée M. x 150. 


Fig. 41. 
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tallisation peut n’étre que locale. Au-dessous de 
cet écrouissage, il y aura restauration, c’est-a- 
dire que le recuit donnera un monocristal encore 
imparfait et d’orientation sensiblement identique 
& celle du monocristal initial. Pour un écrouis- 
sage supérieur, le nombre de germes augmente 
et l’on tend vers une recristallisation a grains fins. 

L’écrouissage critique est fonction non seule- 
ment de l’orientation du monocristal mais du 
mode de chauffage et de la forme des éprouvettes 
monocristallines. Nos résultats sont valables 
pour une vitesse de mise en température de 
200°/minute et une durée de recuit a4 640° C de 
50 heures. Les éprouvettes avant traction 
avaient des dimensions comprises entre | « 6 x 50 
mm et 0.53 x30 mm. La figure 42 donne les 
valeurs du taux d’écrouissage critique en 
fonction de Vorientation et du mode de défor- 
mation. 

Nous diviserons la projection stéréographique 
en quatre régions suivant le mécanisme de 
déformation majeur (fonction de lorientation). 


1°) Glissement majeur avec “cross slip” 
accompagné de Vapparition mineure de macles et 
de bandes de déformation. Ce sont ces directions 
qui donnent les plus gros cristaux. Le taux 
d’allongement critique se situe entre 10 et 12 %. 
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Fig. 42. Valeur de l’écrouissage critique pour les 


différentes orientations des monocristaux en fonction 
de leur mode de déformation (B = bandes de défor- 
mation, M = macles et G = glissements). 
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La formation de cristaux de recristallisation 
dans ce cas semble procéder par le mécanisme 
de “croissance sélective’’. En effet, au début du 
recuit, on observe a la surface des cristaux 
écrouis par traction la formation d’un grand 
nombre de germes de recristallisation d’orien- 
tation trés différente les unes des autres (fig. 43). 
En fin de recuit il ne subsiste plus qu’un nombre 
limité de trés gros grains (fig. 44) dont Porienta- 
tion relative par rapport 4 la matrice initiale 
est bien définie (voir alinéa 3.2). 


2°) Un systéme de macle et un systeme de 
glissement majeurs. 
L’écrouissage critique nécessaire a la crois- 
sance de gros cristaux parfaits est beaucoup 
plus faible. Il se situe entre 2 et 5 %. 


3°) Un systéme de macles majeur (qui ne 
peuvent étre que “(172)”, (112), (121)) accom- 
pagné de glissements mineurs ou de macles 
mineures. L’écrouissage critique est compris 
entre. 3 et 6 %. 


4°) Bandes de déformation majeures. 

L’écrouissage minimum nécessaire a la for- 
mation de nouveaux cristaux parfaits de 
recristallisation est compris entre 6 et 10 %. 
Mais contrairement aux cas précédents cet 
écrouissage critique conduit généralement a 
une recristallisation dont les limites ne dépassent 
guére les domaines intéressés par les bandes de 
déformation. En conséquence pour augmenter 
la dimension des grains de recristallisation, il 
faut accroitre le taux d’écrouissage jusqu’a 12 
et 15 % pour multiplier le nombre de bandes 
de déformation (voir les figs. 18, 19, 20). 
Cependant ces écrouissages importants provo- 
quent de forts reliefs 4 la surface des échantillons 
en raison de la rotation du réseau de la matrice 
introduite par les bandes. Pour augmenter les 
chances de croissance de gros cristaux, il est 
done nécessaire de niveler la surface du cristal 
déformé par un polissage mécanique suivi d’un 
polissage électrolytique prolongé pour éliminer 
l’écrouissage superficiel. La suppression du 
relief supprime également des obstacles géo- 
métriques qui s’opposeraient au développement 
de la recristallisation. 
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Fig. 43. Formation d’un grand nombre de germes 

de recristallisation de différentes orientations au début 

du recuit d’une matrice monocristalline déformée par 
glissement. x 50. 


5. Conclusions 


Nous avons étudié sur un trés grand nombre 
de cristaux (100 environ) les divers modes de 
déformation subie par ceux-ci en fonction de 
Vorientation du cristal vis-a-vis de la direction 
de traction. Etant donné le nombre élevé de 
mécanismes de déformation possibles pour 
Vuranium (18 plans de macle, 3 systemes de 
glissement, “‘cross-slip’’ et bandes de défor- 
mation) il est difficile d’obtenir le déclenchement 
dun seul de ces mécanismes au cours de la 
traction de monocristaux, ce qui permettrait 
dobtenir une déformation homogéne dans tout 
le volume du cristal. Cependant, pour certaines 
orientations nous avons pu observer la pré- 
dominance de certains mécanismes comme le 
glissement (010) ou les maclages “(172)”, ou 
(112) ou (121) accompagnés de mécanismes 
mineurs. Ceci peut expliquer la grande dis: 
persion des valeurs de l’écrouissage critique 
nécessaire a la recristallisation. 

En ce qui concerne le mécanisme méme de 
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Fig. 44. Méme plage aprés recuit prolongé montrant 
un grossissement exagéré d’un nombre limité de 
germes. x 150. 


cette recristallisation, il n’est pas possible de 
prendre parti pour ’une ou l’autre des hypo- 
theses fondamentales émises par Burgers 
(“germination orientée”’) ou par Beck (‘‘crois- 
sance sélective’’). La recristallisation de l’ura- 
nium peut en fait procéder par l’un ou lautre 
de ces mécanismes suivant la nature de la 
déformation majeure. Par bandes de déforma- 
tion, la recristallisation procéderait plut6t par 
“germination orientée” et dans le cas de la 
déformation majeure par glissement, la recris- 
tallisation a leu par “croissance sélective’’. 
Apres déformation par maclage prépondérant, 
la recristallisation procéde sans doute par 
simultanéité des deux mécanismes. 

Enfin cette étude systématique a pour objet 
de définir les conditions optima de déformation 
et de recuit permettant la croissance ultérieure 
de cristaux parfaits de plus grandes dimensions 
possible. Nos observations permettent de 
sélectionner les cristaux imparfaits de change- 
ment de phase dont Vorientation serait la plus 
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favorable pour former de gros cristaux parfaits 
de recristallisation. Ce sont en effet les cristaux 
se déformant par glissement ou par maclage 
majeur qui sont les plus favorables a la croissance 
de gros grains. Par contre, la déformation par 
bandes de déformation donne naissance a de 
nombreux cristaux en relation d’orientation 
étroite avec la matrice. Leur orientation trés 
voisine interdit donc leur coalescence en un seul 
cristal de plus grande dimension. 
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A study has been made of the mechanical properties 
and microstructures of alloys of thorium with oxygen, 
nitrogen and carbon prepared by sintering followed 
by cold working and annealing. It is shown that the 
properties obtained are comparable, and in some cases 
superior to those obtained from arc-melted alloys. 
Unlike oxygen and nitrogen, small concentrations of 
carbon increase the strength of thorium markedly. 
A re-determination of the solid solubility of carbon 
in thorium has enabled a closer correlation of the 
observed strengthening with carbon solubility to be 
made. Metallographic observations have been made 
on the occurrence of thoria, thorium nitride ThN and 
thorium carbide ThC in the various alloys. 


Une étude a été faite des propriétés mécaniques et des 
microstructures des alliages de thorium avec loxygéne 
Vazote et le carbone, préparés par frittage suivi 
d’écrouissage et de recuit. On montre que les propriétés 
obtenues sont comparables et dans quelques cas 
supérieures a celles obtenues sur des alliages fondus 
a Vare. Au contraire de loxygéne et de l’azote, de 
petites concentrations de carbone augmentent la 
résistance du thorium d’une maniére sensible. Une 


1. Introduction 


In a previous paper!), the authors have 
described the properties of sintered thorium. 
This material was known to be contaminated 
by oxygen, and in general thorium prepared by 
any but the most painstaking techniques will 
contain some oxygen because of the high affinity 
of tthe two elements. It was therefore decided to 
investigate systematically the effect of varying 
oxygen content upon the mechanical properties 
of thorium. The investigation was subsequently 
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détermination nouvelle de la solubilité dans l’état 
solide du carbone dans le thorium a permis de relier 
étroitement augmentation de résistance a la solubilité 
du earbone. On a observé au microscope la formation 
de thorine, de nitrure de thorium ThN et de carbure 
de thorium ThC dans les différents alliages. 


Es wurden die mechanischen Eigenschaften und das 
Gefiige gesinterter, kaltverformter und _ gegluhter 
Legierungen aus Thorium und Sauerstoff, Stickstoff 
oder Kohlenstoff untersucht. Im Vergleich zu lcht- 
bogengeschmolzenen lLegierungen wurden fir die 
gesinterten Legierungen ahnliche, mitunter auch 
gtinstigere Higenschaftswerte gefunden. Im Gegensatz 
zu Sauerstoff und Stickstoff erhoht schon ein geringer 
Gehalt an Kohlenstoff die Festigkeit des Thoriums 
wesentlich. Eine Neubestimmung der maximalen Lés- 
lichkeit von Kohlenstoff in Thorium gestattete, eime 
engere Beziehung zwischen der beobachteten Festig- 
keitssteigerung und dem Kohlenstoffgehalt aufzu- 
stellen. Das Auftreten von Thoriumoxyd, Thorium- 
nitrid ThN und Thoriumkarbid ThC im Gefiige der 
verschiedenen Legierungen wurde durch metallo- 
graphische Untersuchungen gepriift. 


broadened to include carbon and nitrogen which 
are also common impurities in thorium. 

The majority of available literature on 
thorium relates to metal fabricated by induction 
or arc-melting. The work of greatest relevance 
to the present investigation is that of Goldhoff, 
Ogden and Jaffee 2), who found that the tensile 
properties of arc-melted “‘iodide”’ thorium were 
largely unaffected by addition of 0.45 wt % 
oxygen, the ultimate tensile strength being 
raised from 8.5 to 10.5 ton/in?, and elongation 
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reduced from 44 to 40 %. Nitrogen additions of 
0.17 wt % gave moderate strengthening, the 
ultimate tensile strength increasing to 13 ton/in? 
and the elongation falling to 32%: with a 
higher nitrogen content of 0.4 wt %, however, 
further strengthening was small. 

Carbon on the other hand was shown to have 
a profound effect, 0.25 wt % increasing the 
ultimate tensile strength to 26 ton/in?, whilst 
the elongation fell to 20 %. An alloy containing 
0.35 wt % carbon was brittle, and in alloys of 
carbon with the less pure “Ames” thorium *) 
these same workers found brittleness at carbon 
contents of 0.25 wt % or over. Work by 
Schwope, Meulenkamp and Marsh *), and later 
American work summarised by Milko, Adams 
and Harms °), however confirms the findings of 
Goldhoff et al.2. 3) that with carbon contents in 
the range 0.1-0.16 wt %, thorium remains 
highly ductile. 

The solubility of carbon in thorium has been 
investigated metallographically by Wilhelm and 
Chiotti ®), also Mickelson and Peterson 7) using 
an X-ray method. Both investigations indicated 
a limiting solubility of about 0.35 wt °% at room 
temperature which rose markedly with in- 
creasing temperature. This level of solubility is 
hard to reconcile with the observed mechanical 
properties of the alloys, and the metallographic 
observations of Goldhoff e¢ al.2> 3), who found a 
second phase with carbon contents greater than 
about 0.2 wt %. In the case of nitrogen, Gerds 
and Mallett §) have deduced a limiting solubility 
at room temperature of 0.01 wt % at room 
temperature, rising to 0.34 °% at 1490° C, from 
experiments on surface reactions of nitrogen 
with thorium. The present authors have found 
that the oxygen content of thorium determined 
by measuring the proportion of thorium oxide 
in microstructure, was close to that determined 
by vacuum fusion!) suggesting very little 
solubility of oxygen in thorium. 

The present work was undertaken to amplify 
published work on the effects of oxygen, nitrogen 
and carbon on the mechanical properties of 
thorium, using sintering as a means of con- 
solidation. Particular attention was paid to 
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interpretation of the work in terms of micro- 
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structure, and using a metallographic method, 


the solubility of carbon in thorium has been 
redetermined. 


2. Experimental 


2.1. Raw MATERIAL 


Alloys were prepared using a —200 mesh 
thorium powder prepared by calcium reduction. 
Principal metallic impurities were uranium 
(370 ppm), aluminium (250 ppm), calcium 
(215 ppm), magnesium (150 ppm), iron (20 ppm), 
silicon (10 ppm), manganese, chromium (6 ppm), 
copper (3 ppm) and nickel (3 ppm). Bismuth, 
indium, potassium, rubidium, titanium, tung- 
sten and zine were present in amounts less than 
10 ppm, and contents of all other metals except 
sodium (< 100 ppm) were less than 1 ppm. The 
nitrogen content was 0.00115 wt %, carbon 
0.02 wt % and oxygen about 0.05 wt %. 


2.2. PREPARATION OF ALLOYS 


Alloys were prepared by variants of the 


standard powder metallurgical process devel- 


oped in the previous work !), in which powder 
was cold-pressed in air at 22.5 ton/in2, sintered 
2 hours at 1300° C under a vacuum of 3 x 10-5 
to 5x 10-5 mm of mercury, and the resulting 
bars were cold-rolled to 50° reduction of 
thickness, then resintered 2 hours at 1300° C. 
“Resintered thorium” prepared in this way had 
99.5 °% theoretical density, and was in the form 
of flat bars, with approximate dimensions of 
5cm x | em x 0.12 em. It was typically contami- 
nated by 0.2—0.25 wt % oxygen, 0.02—0.03 wt % 
nitrogen and 0.03—0.05 wt % carbon. 

Alloys with higher than normal oxygen con- 
tents were prepared by this standard process, 
using powder which had been oxidised prior to 
compaction by heating under a low pressure of 
oxygen in the sintering furnace. By adjusting 
this pressure it was possible to control oxygen 
contents accurately. Reaction took place slowly, 
and uniformly throughout the batch of powder 
at 300-350° C provided it was heated slowly 


into this temperature range. Rapid heating led 
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to heavy oxidation of the surface layers of 
powder, with little visible evidence of reaction 
below. Alloys with oxygen contents as low as 
0.12 wt °% were prepared by compacting powder 
at 6.25 ton/in?, and degassing the resulting 
porous compacts for 2 hours or more at 200° C 
before sintering which was followed by rolling 
and resintering. 

Nitrogen alloys could not be prepared by the 
same method as the high oxygen alloys, for the 
pressed compacts disintegrated on standing. 
The accompanying smell of ammonia supported 
Gerds and Mallett’s observation that thorium 
nitrides slowly hydrolyse in air 8). Compacts 
were therefore slowly heated to the sintering 
temperature under a low pressure of nitrogen. 
Reaction commenced at 400-—450° C, and pro- 
ceeded briskly. Alloys of uniform composition 
were obtained though nitrogen contents were 
considerably lower than the nominal values 
calculated using the furnace pressure calibration 
deduced in preparation of oxygen alloys. 

Carbon alloys were prepared in the same 
manner as resintered thorium metal, using 
mixed thorium and “Shell” carbon powders. 
With alloys having carbon contents greater than 
0.15 °% care was necessary in cold-rolling after 
sintering to avoid cracking, and alloys with 
carbon in excess of 0.2-0.25 wt °4 were com- 
pletely brittle. Consequently the higher carbon 
alloys for the solid solubility determination 
were first sintered, then consolidated by arc 
melting on a water-cooled copper-hearth. 

The sintering furnace was equipped with a 
pusher rod which enabled specimens to be 
moved in and out of the furnace hot zone under 
vacuum. Rapid rates of cooling could therefore 
be attained by pulling specimens into the cold 
end of the furnace tube. Specimens to be 
quenched were soaked in vacuo, and after the 
furnace had been filled to atmospheric pressure 
with argon were rapidly removed and quenched 
into water. Contamination amounted to a thin 
blue film on originally clean surfaces. Filings 
were contained in a small thorium cylinder with 
a loosely fitting lid. It was filled under argon 
and subsequently treated as a massive sample. 


2.3. CHEMICAL ANALYSIS 


Oxygen contents were determined by meas- 
uring the amount of thorium oxide present in 
the microstructure, using a point counting 
technique. The Kjeldahl method was used for 
determination of nitrogen contents, and carbon 
was determined by combustion of a weighed 
sample of metal in oxygen. 


2.4. METALLOGRAPHY 


Metallographic methods of preparation used 
in examination of resintered thorium have been 
described in connection with the earlier work 1). 
In the present work mechanical polishing with 
diamond dust was most used +. Oxide inclusions 
were clearly revealed, and nitride and carbide 
phases could be observed without the use of 
etchants, as they stained on exposure to air. 
Electrolytic polishing followed by electrolytic 
etching was however used if grain size or 
structure was to be examined. Difficulty was 
experienced during electrolytic polishing of the 
high oxygen alloys due to excessive pitting, an 
effect also obtained with increasing carbon 
content so that alloys with more than 0.4—0.5 
wt % could not be polished electrolytically. 


2.5. TENSILE TESTING 


Tensile properties were determined using flat 
test-pieces, with a 2.5 x 0.32 cm gauge length, 
which were stamped from resintered strip. All 
test pieces were annealed 30 minutes at the 
resintering temperature to remove any cold- 
working effects, and the roughened edges pro- 
duced in stamping were smoothed with emery 
before testing. Test pieces were generally furnace 
cooled after their final annealing treatment: the 
instances in which higher rates of cooling were 
used are noted in the text. Testing was carried 
out in a Hounsfield tensometer, the test pieces 
being located in grips by pins passing through 
holes drilled centrally in their heads. Strain 
rates approximated to 0.025 em/cm min. in the 
elastic range, and 0.15 em/em min. in the 
plastic range. 


t+ Fuller details are given in ref. °), 


348 INE, ID) 


Alloys containing more than 0.22 wt % carbon 
were brittle and could not be cold rolled or 
machined, and test pieces in such alloys were 
filed from sintered bars, and held in wedge 
grips to be tested. 


3. Experimental Results 
De dic 


a. Mechanical Properties 


OxyGcEn ALLOYS 


The tensile properties of alloys of thorium 
with 0.12 to 0.95 wt % oxygen are shown in 
table 1. The alloy containing 0.21 wt % oxygen 
corresponds to a typical sample of resintered 
thorium without deliberate additions. 


TABLE 1 


Tensile properties of thorium-oxygen alloys 


Oxygen Yield UTS Elonga- 

content stress (tsi) tion. VPN 

(wt %) (tsi) (%) 
0.12 10.8 16.2 44 83.5 
O21. 12.0 16.8 oD 89 
0.35 1222 17.3 36 87.4 
ORS 10.5 16.2 33 84.9 
0.56 124: Pee 5 90.2 
On2 iLSs5l 18.0 25) 102 
0.94 13e5 18.2 20 108 


Tt Typical sample of resintered metal. 


The yield stress and ultimate tensile strength 
increase to a small extent over the complete 
composition range, while the elongation falls, 
but surprisingly at an oxygen content of 
0.94 wt % remains as high as 20 °%. The most 
marked effect of oxygen is in the range between 
0.12 and 0.21 wt %. 


b. Microstructure 


Metallographic examination revealed the 
presence of discrete rounded inclusions of 
thorium oxide in all specimens (fig. 1). The 
inclusions showed no tendency to increase in 
size or form continuous films at boundaries as 
the oxygen content was increased. As previous 
work by the authors had indicated, the solu- 
bility of oxygen in the matrix is so low that the 
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Fig. 1. Thorium — 0.94 wt % oxygen alloy, resintered, 

as polished with diamond dust. Rounded inclusions of 

thorium oxide in a lightly tarnished thorium matrix. 
x 350. 


oxygen content of an alloy can be obtained by 
quantitative determination of the proportion 
of thorium oxide in the microstructure. 

Oxygen had a noticeable effect on grain size 


of thorium both in the resintered and cold~—_ 


worked and annealed conditions. In figs. 2 and 3 
are summarized the effects of temperature and 
time on the recrystallized grain size of cold 
worked and annealed alloys containing 0.15 
wt % oxygen (1.15 wt % thoria) and 0.4 wt % 
oxygen (3.3 wt % thoria). After the same heat 
treatment, the higher oxygen alloy always 
possessed the finer grain size, although at 
750° C the difference became very small on 
prolonged annealing. At high temperatures, 
e.g. 1208°C (fig. 3), the two alloys quickly 
attained equilibrium grain sizes which were 
markedly different. At low annealing tempera- 
tures, grain size is therefore influenced by the 
degree of deformation and the temperature of 
annealing, whereas above 1000° C the oxygen 
content becomes the overriding factor. 


3.2. NITROGEN 
a. Mechanical Properties 


As both sintered and re-sintered nitrogen 


alloys were not readily cold rolled, it was not— | 


possible to prepare strip of satisfactory quality 
for mechanical testing when the nitrogen con- 
tent was greater than 0.22 wt %. None of these 
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Fig. 2. The grain size of cold-rolled and annealed 


thorium-oxygen alloys in relation to deformation and 
annealing temperature for 30 minute anneals. 


alloys was excessively hard and failure appeared 
to be due to lack of cohesion. 

The tensile properties of alloys in the range 
0.06—0.22 wt °% nitrogen, if furnace-cooled after 
annealing, showed a continuous fall with in- 
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Fig. 3. The grain size of thorium-oxygen alloys, 

annealed after cold-rolling to 90% reduction in 

thickness, in relation to annealing time and tempe- 
rature. 


creasing nitrogen content, only the most dilute 
alloys being at all comparable with the un- 
alloyed metal (table 2a). At a nitrogen content 
of 0.22 wt % both the tensile strength and the 
elongation were seriously impaired. Rapid 
cooling by drawing the specimens to the cool 
end of the furnace increased the tensile strength 
and hardness of all alloys (table 2b). 


TABLE 2 
Tensile properties of thorium-nitrogen alloys 


a) Furnace cooled from 1300° C 


Nitrogen Yield UTS. | Elonga- 
Content stress (tsi) tion VPN 
(tsi) (%) 
0.06 11.8 16.3 35 88 
0.091 11.9 16.3 24 85 
0.095 12.2 16.8 28 87 
0.163 9.2 14.9 20 86 
0.205 8.9 14.9 20 82 
0.225 8.9 14.0 14. 86 
b) Rapidly cooled from 1300° C 
0.06 1555 19.4 34 104 
0.091 15.1 20.6 22 108 
0.095 14.1 20.1 27 115 
0.163 13.6 19.8 15 110 
0.205 12.5 18.4 12 104 
0.225 12.6 19.0 24 103 
c) Water quenched from 1300° C 
0.06 21.5 25.6 13 189 
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The tensile strength now varied very little 
with increasing nitrogen content while the 
elongation was again substantially reduced. A 
further increase in the cooling rate achieved 
by water quenching was shown to have a still 
greater effect on the tensile strength for the 
one alloy investigated (table 2c). 

It is of interest to mention at this stage that 
the mechanical properties of sintered thorium 
(without deliberate additions of oxygen, nitrogen 
or carbon) are also sensitive to the rate of 
cooling but the effects observed are variable 
and not as great as those for the thorium- 
nitrogen alloys. Properties of two samples of 
resintered metal in which the effect was on the 
one hand almost absent, and on the other 
strongly marked, are given in table 3. 
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b. Microstructure 

In slowly cooled alloys, a second constituent 
was identified as a nitride phase. It possessed 
an irregular habit, sometimes angular and some- 
times plate-like (fig. 4). When freshly polished 
the phase was straw yellow, and so appeared to 


ve 


correspond with the cubic nitride ThN observed - 


by Gerds and Mallett 8). On exposure to air, 
however, reaction readily took place, the colour 
changing through orange to blue, finally black 
pits being formed. On the other hand rapidly 
cooled alloys showed a much more finely 
dispersed precipitate (fig. 5) with similar staining 
behaviour, while in the quenched alloy the 
same phase was present in a still finer form. It 
is clear that the nitride phase is precipitated 
from a high-temperature solid solution, and the 


TABLE 3 


Tensile properties of resintered thorium, annealed at 1300 °C 


Sample Se 
No. Condition 
1 Rapidly cooled 
Furnace cooled 
2 Rapidly cooled 
Furnace cooled 
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Fig. 4. Thorium — 0.91 wt % nitrogen alloy, furnace 

cooled from 1300° C, as polished with diamond dust. 

Oxide inclusions (light grey) and lightly tarnished 

angular inclusions of massive thorium mononitride. 
x 625. 


Yield U.T.S. | Elongation 
Stres ; ) VEN 
(tsi) (%) 

(ts1) 
12.5 17.1 41 98 
Tot 16.8 45 88 
14.1 18.4 38 122 
12.1 16.5 38 | 91 
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xt ‘Gh 


Fig. 5. Thorium — 0.91 wt % nitrogen alloy, rapidly 
cooled from 1300° C, as polished with diamond dust 
and allowed to stand in air for several hours. Angular 
thorium oxide inclusions, and fine, dispersed thorium 
mononitride precipitate. x 525. 
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TABLE 4 


Lattice parameters of thorium and thorium-nitrogen alloys 


Condition 


Filings. Furnace cooled from 1300° C 
ne Rapidly cooled from 1300° C 
RS Furnace cooled from 1300° C 
oe Rapidly cooled from 1300° C 
es Water-quenced from 1300° C 


Nitrogen Lage 
Coens parameter kX 
(wt %) 
0.031 5.0784 + 0.0001 
0.031 5.0838 + 0.0004 
0.163 5.0766 + 0.0003 
0.163 5.0795 + 0.0004 
0.205 5.079 + 0.003 


differences in mechanical properties can thus 
be understood. 


ce. X-ray examination 

Lattice parameter measurements were made 
on filings from resintered thorium (0.031 wt % 
nitrogen) and a 0.163 wt % nitrogen alloy in 
the furnace-cooled and rapidly cooled conditions 
(table 4), using unfiltered iron radiation +. These 
showed that in both cases a small lattice ex- 
pansion took place on rapid cooling which 
could be due to retention of nitrogen in solid 
solution. 

The lattice parameter of quenched filings of 
a 0.205 wt % alloy indicated however that little 
further expansion took place with increasing 
cooling rate. In this case the diffraction lines 
were substantially broadened. 


3.3. CARBON 


a. Mechanical properties 


The addition of carbon to thorium drastically 
reduced the cold workability. Alloys with 
0.16—0.22 wt % carbon could only be cold rolled 
using reductions of 10 °% or less between anneals, 
while alloys of higher carbon content failed in a 
completely brittle manner before any appreci- 
able deformation had occurred. More dilute 
alloys on the other hand had good rolling 
characteristics and could be cold rolled to large 
reductions without failure. 


+ The wavelengths used in calculating the data 
of table 4 and table 6 were: Ka,, 1.9320 kX; Kaz, 
1.93601 kX. 


The working characteristics were reflected in 
the tensile properties of which typical values 
are listed in table 5. 


TABLE 5 


Tensile properties of thorium-carbon alloys 


Carbon Yield UTS Elonga- 

content stress (tsi) tion VPN 

(wt %) | (tsi) (%) 
0.04 + 12.0 16.8 30 89 
0.06 15.3 17.9 30 100 
0.09 18.4 AleS 30 114 
0.14 21.6 23.3 By 121 
0.22 27.0 28.0 11 156 
0.244+) 24.5 24.8 8 119 
0.29 t+ 26.9 26.9 3 113 
0.41 7+) 28.1 28.1 0 140 
0.64 ++ 26.8 26.8 0 135 


+ Typical resintered thorium metal. 
ty Alloys tested as sintered. 


Additions of carbon up to 0.14 wt % caused 
substantial rises in yield and ultimate stresses 
without a pronounced fall in elongation: how- 
ever, above this value, the elongation fell 
rapidly until alloys with more than 0.3 wt % 
carbon were almost completely brittle. 

All the ductile alloys showed a yield point in 
tensile testing at room temperature. In the more 
dilute alloys it amounted to no more than a 
sharp inflection in the stress-strain curve: how- 
ever, with higher carbon concentrations (0.14 
wt % and above) well defined upper and lower 
yield points were developed (fig. 6). 
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a) Resintered thorium 
d) Thorium — 0.14 wt % carbon 


b. Microstructure 


The microstructures of dilute carbon alloys 
(0.04-0.14 wt %) were indistinguishable from 
those of resintered thorium. Complete em- 
brittlement was associated with the occurrence 
of a second phase at the grain boundaries which 
made its first appearance in the 0.22 wt % C 
alloy. This phase, which is best revealed by 
electrolytic polishing, is light brown in colour 
and is ThC (fig. 7). In furnace cooled alloys it 
occurs as discrete massive angular particles on 
the grain boundaries (fig. 8). Rapid cooling on 
the other hand produced a fine dispersed 
precipitate although a tendency towards grain 
boundary precipitation was still apparent (fig. 9). 


Fig. 7. Thorium — 0.22 wt % carbon alloy, furnace 
cooled from 1300° C, electrolytically polished. Small 
elongated inclusions of thorium monocarbide (dark) 
lying in grain boundaries. The large dark pits corre- 
spond to the position of oxide inclusions. x 525. 
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Stress-strain curves of thorium and thorium-carbon alloys. 
b) Thorium — 0.06 wt % carbon 


c) Thorium — 0.09 wt % carbon 
e) Thorium — 0.22 wt % carbon. 


Fig. 8. Thorium -—0.41 wt % carbon alloy, furnace cooled 
from 1300° C, polished with diamond dust and finally 
alumina. Oxide inclusions (dark grey) and angular 
x 375. 


islands of thorium monocarbide (light grey). 


Fig. 9. Thorium — 0.41 wt % carbon alloy, rapidly 
cooled from 1300° C, as polished with diamond dust. 


Angular thorium oxide inclusions and fine, dispersed 


precipitate of thorium monocarbide. x 350. 
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TABLE 6 


Lattice parameters of thorium and thorium-carbon alloys 


Condition 


Thorium powder, annealed 15 min. at 700° C 


Resintered thorium filings, furnace cooled from 1300 °C. . . 
Filings of arc-melted alloy, furnace cooled from 1300°C . . . 


Are-melted, water-quenched from 1300° C, crushed 
Filings, slowly cooled from 1300° C second phase 


. wid 


oe. Lattice 
ene parameter kX 
(wt %) 
tikes 0.02 5.0758 + 0.0002 
0.04 5.0823 + 0.0005 
0.69 5.0976 + 0.0003 
Petar acne 0.69 5.1923 + 0.0004 
cence 0.69 5.29 + 0.02 
(second phase) 


The carbide phase tarnished rapidly to a variety 
of colours which could give the misleading im- 
pression that more than one phase was present. 

The metallographic observations confirmed 
the earlier work that carbon has an appreciable 
solubility in thorium. As the marked change in 
mechanical properties appears to be associated 
with this solubility it was decided to re-determine 
the solid solubility metallographically (see 
appendix.) 


ce. X-ray examination 

Lattice parameter measurements were made, 
using unfiltered iron radiation, on thorium 
powder, filings of sintered thorium and of a 
0.7 wt °% carbon alloy in two conditions, furnace 
cooled and quenched from 1300° C. The results 
which are recorded in table 6 showed in the 
case of the furnace cooled specimens a small 
but significant lattice expansion from 5.082 to 
5.097 kX, as the carbon content increased, in- 
dicating that some solid solution of carbon in 
thorium existed at low temperatures. The 
further lattice expansion obtained on quenching 
confirmed that a super-saturated solution can 
be obtained at room temperature. These 
quenched alloys were however, extremely brittle 
although they were single phase. 

Diffraction lines of a second face-centred cubic 
phase were present in the pattern from the 
furnace cooled 0.69 wt % carbon alloy. Measu- 
rement of two films gave a lattice parameter of 
5.29 + 0.02 kX in fair agreement with the 
value reported by Wilhelm and Chiotti 6) for 
the compound ThC. 


4, Discussion 


The results from the thorium-oxygen alloys 
support and augment the earlier work of 
Goldhoff, Ogden and Jaffee 2) which showed that 
oxygen had only a small strengthening effect 
up to 0.45 wt %. The strength of the sintered 
alloys is somewhat superior but the elongations 
are rather smaller. The wider range of oxygen 
contents studied in the present work indicates 
that an oxygen content approaching 1 wt % 
barely raises the yield stress of thorium by 
20 %. At the same time the ductility is not 
catastrophically affected, because the oxygen 
is entirely present as a dispersion of thoria in 
an intrinsically ductile thorium matrix. A 
proportion of the strengthening observed possi- 
bly arises from the refinement of grain size 
effected by the presence of thoria particles. 
Surprisingly the use of heavily oxidised powder 
in preparing the oxygen alloys did not affect 
sintering behaviour. Presumably therefore oxide 
films on the powder particles spheroidise in 
sintering to give the discrete oxide inclusions 
observed in sintered metal. 

Unlike oxygen, nitrogen was found to have a 
deleterious effect on the ductility of thorium, 
also on its strength if slow rates of cooling from 
annealing temperatures were used. These results 
are in contrast to those of Goldhoff, Ogden and 
Jaffee 2) on arc-melted and worked alloys where 
30 % increases in yield stress and UTS were 
obtained with alloys containing 0.18 wt % 
nitrogen. The fact that the mechanical pro- 
perties of the nitrogen alloys were very de- 
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pendent on the rate of cooling from the an- 
nealing temperature, together with the micro- 
structure, suggests that there is an appreciable 
solubility of nitrogen in thorium at high tem- 
peratures, in agreement with the work of Gerds 
and Mallett 8). However, it is likely that the 
room temperature solubility is very low. This 
view is supported by the existence of an effect 
of cooling rate upon properties in resintered 
metal, also by the fact that Goldhoff, Ogden 
and Jaffee 2) have improved the mechanical 
properties of thorium-nitrogen alloys (0.18 and 
0.41 wt % N) by ageing at 300°C after a 
solution treatment at 850°C. The presence of 
ThN has been shown in the microstructure, and 
the readiness with which it is attacked suggests 
that the corrosion resistance of these alloys 
would be very low. 

The present work confirmed the earlier results 
on arc-melted alloys that carbon is a very 
powerful strengthener of thorium; moreover the 
mechanical properties of the sintered and 
worked alloys are comparable with those ob- 
tained by arc-melting and working. In the range 
0.04-0.22 wt % C the sintered alloys show 
substantial elongations which however are 
somewhat less than those obtained from the 
arc-melted alloys. The hardness and strength 
values of sintered alloys containing more than 
0.22 wt °% carbon were erratic, because complete 
consolidation by working was prevented by the 
extreme brittleness of the alloys. 

The re-determination of the solid solubility 
of carbon in thorium recorded in the appendix 
has shown that alloys containing up to 0.2 wt °% 
carbon are likely to be single phase after cooling 
at normal rates. The lattice parameter measure- 
ments indicate that the pronounced increase in 
mechanical properties associated with carbon 
is thus due to the lattice strain accompanying 
interstitial solution in the «-thorium lattice. The 
relative atomic diameters of carbon and thorium 
(1.54 kX and 3.59 kX), should allow effective 
locking of dislocations which accounts for the 
occurrence of yield points in annealed specimens. 
The “age hardening’? reported by Goldhoff 
et al.2, 3) in 0.1—0.2 wt °% carbon alloys is thus 
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probably a strain-ageing phenomenon. The 
metallographic observations suggest that the 
brittleness of the higher carbon alloys is associ- 
ated with formation of massive thorium carbide _ 
in the grain boundaries; however, even on rapid | 
cooling of a 0.69 wt °% carbon alloy the brittle- 
ness is extreme which implies that at high 
carbon concentrations the « solid solution is 
intrinsically brittle. When present in concen- 
trations greater than its solid solubility at 
temperatures approaching room temperature, 
carbon is therefore a severely detrimental 
impurity in thorium. 
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Appendix 
THE SOLID SOLUBILITY OF CARBON IN THORIUM 


In view of the small lattice expansions ob- 
tained with carbon, a metallographic approach 
was chosen for the solubility determination. 
The method used consisted of soaking a series 
of alloys with differing carbon contents for 
2 hours at a given temperature and quenching, 
then determining by point counting the pro- 
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Fig. 10. Thorium — 0.69 wt % carbon alloy, water | 
quenched from 1203°C, as polished with diamond 
dust. Islands of thorium monocarbide rounded by 
solution (grey) and inclusions of thorium oxide (black) 
in a matrix showing a faint substructure. x 525. 
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portion of carbide in the resultant structures 
(e.g. fig. 10). These values were plotted against 
carbon content and extrapolated to zero per- 
centage of carbide to give the solubility of 
carbon at the soaking temperature. Carbon 
contents of the alloys prepared for the deter- 
mination ranged from 0.15 to 1.14 wt %. The 
alloys were prepared by sintering, those with 
carbon contents below 0.22 % being finally 
densified by cold rolling and resintering, whilst 
the remainder were densified by arc melting. 
The arc-melted alloys were heated to 1350° C 
and furnace cooled before being used in the 
solubility determination, to obtain a massive 
form of carbide precipitate, suitable for point- 
counting. 
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The solubility boundary determined from this 
work is plotted in fig. 11. About a four-fold 
increase in solubility occurs over the range 
300-1300° C. The values are in all cases ap- 
preciably lower than those reported previously 
by Wilhelm and Chiotti®) and Mickelson and 
Peterson 7), although the value at the lowest 
temperature is within the range (0.10—0.24 wt %) 
given by Goldhoff, Ogden and Jaffee?) for 


room temperature. 
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UV irradiation produces first an electronic and later 
an ionic photocurrent. It has been confirmed that the 
photoeffects are due to light absorbed by the oxide 
(not by the metal). The absorption coefficient of the 
oxide has been determined by transmission and 
reflectivity measurements and is about 2 « 10° em! 
at a wavelength of 2500 A. The electronic photocurrent 
measured at a given field strength in the oxide 
increases with thickness in parallel with the amount 
of light absorbed, except that fatigue effects increase 
with thickness, and, therefore, tend to cause the 
photocurrent to become constant before the thickness 
is reached which absorbs all the light which is not 
reflected or lost to the metal. The electronic photo- 
current as a function of field strength shows a satu- 
ration effect with thin films, but this disappears with 
increasing thickness. The onset of photo-induced 
growth occurs after an induction period in which the 
properties of the film are slowly modified. Once the 
induced ionic current has appeared, it decays only 
gradually after the removal of the light. The photo- 
induced growth is demonstrated by a colour change 
and a weight increase, which are mutually consistent. 
The capacity may increase or decrease slightly and 
the frequency dependence increases. After irradiation, 
the outer layers of the film dissolve more rapidly in 
dilute hydrofluoric acid, and this change is not 
immediately removed by the formation of more oxide 
by the passage of charge without irradiation. The 
amount of induced growth may be many times the 
thickness which would be formed at the same potential 
without irradiation. (0V/dt); and (0(1/C)/dt); (where 
V = potential, = capacity, ¢= time, and 74 = 
current density) during subsequent formation of 
oxide in the dark are higher than normal. Possible 
explanations of these phenomena are discussed. 


Liirradiation aux ultraviolets produit un photo- 
courant d’abord électronique puis ionique. Il a été 
confirmé que ces effets photoélectriques sont dus & la 
lumiére absorbée par l’oxyde (et non par le métal). 


Le coefficient d’absorption de l’oxyde a été déterminé 
par des mesures de transmission et de réflectivité: il 
est égal & environ 2 x 10° em! pour une longueur 
d’onde de 2500 A. Le photocourant électronique 
mesuré pour une intensité de champ donné dans 
Voxyde croit avec l’épaisseur parallélement a la 
quantité de lumiére absorbée. Cependant, les effets 
de fatigue croissent avec l’épaisseur et par suite 
tendent @ rendre constant le photocourant avant que 
soit atteinte l’épaisseur de l’oxyde qui absorberait 
toute la lumiére qui n’est pas réfléchie ou perdue pour _ 
le métal. Pour les films minces d’oxyde, on observe un 
effet de saturation du photocourant électronique en — 
fonction de Vintensité du champ, mais cet effet 
disparait avec l’épaisseur croissante du film. L’appa- 
rition de la croissance induite par lirradiation se 
produit aprés une période d’incubation au cours de 
laquelle les propriétés du film sont lentement modifiées. 
La croissance induite par Virradiation est matérialisée 
par un changement de couleur et un accroissement de 
poids qui sont mutuellement compatibles. La capacité 
peut croitre ou décroitre légérement et la relation avec 
la fréquence augmente. Aprés irradiation, les couches 
externes du film se dissolvent plus rapidement dans 
Vacide fluorhydrique dilué et cette modification de 
propriété n’est pas immédiatement éliminée par la 
formation de plus d’oxyde par le passage de charge 
sans irradiation. Le taux de croissance induite peut 
étre plusieurs fois l’épaisseur qui serait formée au 
méme potentiel sans irradiation. Les valeurs (0V/dt); 
et (0(1/C)/dt); (ot V = le potentiel, C = la capacité, 
t = le temps, et 7 = la densité de courant) sont plus 
élevées que la normale au cours de la formation 
ultérieure de l’oxyde dans l’obscurité. Des explications 
possibles de ces phénoménes sont discutées. 


UV-Bestrahlung erzeugt zunachst einen Elektronen- 
und spater einen Ionen-Photostrom. Es wurde fest- 
gestellt, dass die Photoeffekte eine Folge der Licht- 
absorption durch das Oxyd (nicht durch das Metall) 
sind. Der Absorptionskoeffizient des Oxyds wurde 
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durch Absorptions- und Reflexionsmessungen  er- 
mittelt und betragt ungefahr 2 x 10° cm bei einer 
Wellenlange von 2500 A. Der bei einer bestimmten 
Feldstarke im Oxyd gemessene Photostrom nimmt 
mit der Dicke parallel zur absorbierten Lichtmenge zu; 
dabei nehmen allerdings auch die Ermitidungseffekte 
mit der Dicke zu und bewirken daher, dass der Photo- 
strom konstant wird bevor die Dicke erreicht ist, bei 
der das gesamte, nicht reflektierte oder im Metall 
vernichtete Licht absorbiert wird. Der Elektronen- 
Photostrom als Funktion der Feldstirke zeigt eine 
Sattigung bei dtinnen Schichten; dieser Effekt 
verschwindet aber bei wachsender Dicke. Das photo- 
induzierte Wachstum beginnt nach einer gewissen 
Bestrahlungsdauer, wahrend der sich die Eigenschaften 
der Schicht langsam andern. Wenn der induzierte 
Ionenstrom einmal eingesetzt hat, geht er nach dem 


1. Introduction 


With water-cooled reactors, the possibility 
has to be considered that high energy radiation 
may increase the rate of corrosion. The effects 
that are known to occur with visible and ultra- 
violet light provide at least to some extent a 
guide as to the nature of the process likely to 
occur with high energy radiation. For example, 
corrosion which is cathodically limited by 
hydrogen evolution is likely to be accelerated 
due to photo reduction of hydrogen overpo- 
tential. The chief subject of the present paper 
is the photo-induced growth of the oxide film 
during anodic polarization that occurs with 
tantalum, tungsten and, very probably, with 
other members of the group of metals normally 
passivated by oxide films. Previous work 
includes that of Lifschitz and Reggiani 1), 
Rosenthal 2), Bar 3), Apker and Taft 4), Young >) 
and Vermilyea ®). Since the present work was 
completed, further papers have appeared by 
Vermilyea 7) and by Van Geel, Pistorius and 
Winkel 8). 


2. Experimental 


The metal was chemically polished as previ- 
ously described 9). The cell had an optically flat 
quartz window attached with epoxy resin, since 
pyrex glass does not transmit the active wave- 
lengths. Normally, light from a Hanovia high 
pressure mercury lamp was filtered only by a 
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Abschalten des Lichts nur allmahlich zurick. 
photo-induzierte Wachstum zeigt sich durch 
Farbanderung und eine Gewichtszunahme, die 
entsprechen. Die Kapazitaét kann ein wenig zu- oder 
abnehmen; die Frequenzabhangigkeit nimmt zu. 
Nach Bestrahlung lésen sich die obersten Lagen der 
Schicht schneller in verdiinnter Flusséiure. Diese 
Anderung wird nicht durch die verstirkte Oxyd- 
bildung infolge des Ladungsflusses unmittelbar riick- 
gaingig gemacht. Die Grésse des induzierten Wachs- 
tums kann ein Mehrfaches der bei dem gleichen 
Potential ohne Bestrahlung gebildeten Dicke betragen. 
(OV /dt); und (d(1/C)/dt); (V = Potential, C = Kapa- 
zitat, ¢ = Zeit, 7 = Stromdichte) sind wahrend der 
anschliessenden Oxydbildung im Dunkeln grosser als 
normal. Mégliche Erklaérungen dieser Erscheinungen 
werden diskutiert. 


water layer, but Chance filters and a Hilger 
quartz monochromator were used for some 
experiments. Weighings were made using tares 
of unanodized tantalum. For the transmission 
experiments, films were stripped by cathodic 
polarization in dilute acid (as described else- 
where 1°)) and picked up with wire loops. 
Transmission measurements were made with a 
Cary double beam, recording spectrophotometer, 
initially with identical 0.1 inch diameter circular 
stops in both beams. The loop with the oxide 
film was clamped to the stop. When the optical 
density exceeded 2 it was necessary to insert a 
smaller stop in the reference beam, and this was 
calibrated by the change in reading. The voltage 
across the photo-multiplier was increased to 
keep the slit width from increasing excessively. 


3. Results 
Dalle 


Bar 3) reported that the photocurrent at the 
“formation voltage” (ie. at a given field 
strength) was independent of the thickness of 
oxide. This would suggest that the light was 
absorbed by the metal or by a layer of lower 
oxide of constant thickness. However, it was 
found independently by Apker and Taft 4) and 
by Young 5) that the photocurrent increased at 
first with very thin films, and only became 
constant with films of about 200-300 A thick- 
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ness. This suggests that the effects are due 
to light absorbed by the oxide with an 
average absorption coefficient K, (defined by 
log, (Z/Io) = — Ku) approaching 106 cm. 
Similar results were obtained under similar 
experimental conditions in the present work, 
but when, in order to minimize the marked 
fatigue effects, measurements were made at 
much lower light intensities and within a few 
seconds of the start of the irradiation, it was 
found that the photocurrent continued to 
increase as the thickness of oxide was increased 
to 1000 A or more (fig. 1). This result indicates 


Ve u 


Fig. 1. Photocurrent 7, in wA at low intensity and 

before onset of fatigue versus formation voltage V+. 

Thickness of films is approximately equal to Vz 

20 AV-1. E during measurements 5 x 106 Vem-!. 
Area 6 cm?. 


that the estimate of K above is too high if we 
assume that the initial photocurrent is pro- 
portional to the amount of light absorbed. It is 
possible that there is a balance between fatigue 
effects and multiplicative ionization effects. 
[The existence of the latter is suggested by 
the variation with film thickness of the de- 
pendence of the photocurrent on the field 
strength. As reported by Young 5), the photo- 
current-field plot for thin films (<150 A) exhibits 
the shape associated with “saturation” but, as 
the thickness of film is increased, changes 
through linear to the form ip=aH +bE2 (a and 
6 positive). Apker and Taft reported that the 
photocurrent was linear with voltage.] A direct 
measurement of the absorption of light was, 
therefore, made. Fig. 2 shows the optical density 
of stripped films as a function of their thickness 
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for wavelengths near the absorption edge. The 
thickness was obtained from the interference 
maxima of the unstripped films using the chart ~ 

given previously!) and also from the maximaand 


~2 
oe 
iS 
oO 
2 
' 
© 
0 
D/10°A 
Fig. 2. Optical density in transmission (—logio I/I9) 


versus thickness D for wavelengths shown (A). Points 
are means for 2 to 5 films. 


minima of transmission away from the absorbing 
region (with the refractive indices given loc. cit.). 
The two methods agree. The slopes of the lines ~ 
(no correction was made for interference effects) 
give the values of K in table 1. 


TABLE 1 
Absorption coefficient from transmission measurements 


2600 
Ik9 


2800 
0.7 | 


2700 
Ll | 


2500 
2.4 


Wavelength/A 
K/105 cm-2 


Fig. 3 shows the reflected light intensity in 
arbitrary units from unstripped films (45° 
incidence, wavelength 2438 A) versus thickness. 
Maxima and minima occur with up to 800 A or 
more of oxide, showing that the intensity of 
light which had traversed the oxide at least 
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Fig. 3. Intensity of light reflected from oxide coated 


metal versus formation voltage V;. D= V; 20 AV-1. 
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twice, and had been reflected from the metal at 
least once, was still appreciable compared to the 
intensity of the light which had been directly 
reflected from the oxide/air interface. Assuming 
that the reflectivity of the metal/oxide interface 
is 15 percent, and using the measured reflectivity 
of the metal covered only with the oxide present 
before anodization (this reflectivity is roughly 
equal to the sum of metal and oxide reflectivi- 
ties), we obtain an absorption coefficient of 
about 105 em}. 

We conclude that the earlier interpretation is 
essentially correct, but that the photocurrent 
as measured before fatigue has set in gives a 
more accurate measure of the amount of light 
absorbed than the photocurrent measured after 
a minute or so of irradiation, and, the absorption 
coefficient is rather lower than previously 
believed. 


3.2. 


Most of our experiments were made with the 
electrode maintained at a constant potential 
such that the field strength set up in the oxide 
was insufficient to produce appreciable ionic 
current in the absence of irradiation. The initial 
dark current was probably mostly electronic and 
was negligible compared to the photo-current. 

Irradiation under these conditions does not 
immediately produce growth. As Vermilyea ”) 
has independently observed, the initiation of 
an ionic current is preceded by an induction 
period which is a function of thickness, and 
field strength. During this induction period, the 
photocurrent (defined as the current during 
irradiation) decays as 1/t9= —log (t/to). to is 
roughly inversely proportional to the initial 
field strength, and decreases with increasing 
thickness. Recovery from this fatigue effect is 
slight, even after several hours without irradi- 
ation. After the induction period, the photo- 
current and the dark current (the current 
without irradiation) both increase sharply. We 
define primary and secondary photocurrents, 
respectively, as the photocurrent less the dark 
current, and as the dark current less the initial 
dark current. With these definitions, the 
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secondary photocurrent appears at the end of 
the induction period, the primary photocurrent, 
meanwhile, continuing to decay more or less 
smoothly. Typical results for primary and 
secondary photocurrents are shown in fig. 4. 
The secondary photocurrent is roughly expo- 
nentially dependent on temperature. On inter- 
rupting the irradiation, it decays according to 
(t2/%2, 0) = (t/to)-” where 1<n<2. 
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Fig. 4. Primary (solid line) and secondary (broken 

line) photocurrents versus time ¢ for films formed to 

V;: and irradiated at V;. Area 6 cm2. (a) For V; = Vi. 
(b) For Ve = 30 volt and various values of Vj. 
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TABLE 2 
Weight increase per unit of thickness 
Means 
Dark 
formation | 293 | 283 | 295 | 307| 286) — | 293 
Photogrowth | 330] 287] 285) 307) 303 | 312| 304 


The colours were matched with a series of standard 

specimens formed at constant voltage until the rate 

of growth was less than 1 A/day. The thickness is 

expressed in terms of the change in the formation 

voltage of the matched standards, 4V,, 7.e. in units 
10-8 g/em?V. 


Table 2 shows that the amount of growth 
computed from the colour change is consistent 
with the amount computed from the weight 
increase, either with the original refractive index 
and density, or with the same ratio between 
these quantities. Table 3 shows that the amount 
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The secondary current decays only slowly with 
the increase in thickness which it causes (fig. 4). 
The original thickness may be increased ten-fold 
without disappearance of the secondary current. 

Calculation 12) suggests that the temperature 
rise in the film should not be sufficient to cause 
the observed photogrowth which, if it were so 
caused, should not require so long an induction 
period. Experiments were made with rapidly 
stirred solution, and these confirmed that the 
effect is not due to a local increase in temper- 
ature, or to local accumulation of some product 
in the solution. 


3.3. PROPERTIES OF FILMS PARTLY FORMED BY 


PHOTO-INDUCED GROWTH 
The a.c. impedance of the electrode is normally 
that of a parallel plate condenser with the oxide 
as dielectric. However, the increase of thickness 


TABLE 3 


Ratio of charge passed to weight increase for dark- and photo-growth (secondary photocurrent) 


Dark formation | 


| 
Formation voltage . 60 
Charge/weight . 126 
Photogrowth 

Formation voltage. ..... .| 30 30 30 
Irradiation voltage. ..... .| 30 30 30 
Charge/weight 

(Secondary photocurrent) . 95 87 101 


a | 


cs | or | oe | oo | 


Units are 10-4 coulomb/g. 100 % current efficiency for the formation of tantalum pentoxide is equivalent - 
to 120.6 x 10-4 coulombs/g. 


of charge carried through the film by the second- 
ary photocurrent is of the same order as the 
amount required to produce the observed weight 
increase. We conclude that the photo-induced 
growth is associated with the secondary photo- 
current, in other words, that the secondary 
photocurrent is ionic in nature. The weight 
increase is actually greater than calculated from 
the secondary photocurrent and this may be 
due to inclusion of SO4” or HzO by the photo- 
grown oxide, as Vermilyea’s evidence 7) also 
suggests. 


caused by irradiation does not produce a corre- 
sponding decrease in the capacity 3: >). Typical 
data are shown in table 4. These show that for 
the lower initial field strengths the capacity 
actually increases. The frequency dependence 
always increases slightly. 

The outer part of films grown partly under 
the stimulus of irradiation dissolves in dilute 
hydrofluoric acid more rapidly than does the 
normal oxide. It was also found, as Vermilyea ”) 
has since independently reported, that subse- 
quent formation in the dark does not immedi- 


PHOTO-INDUCED GROWTH OF ANODIC TANTALUM PENTOXIDE FILMS 


361 


TABLE 4 


Anomalous capacity change during photogrowth (1 ke/s) 


Formation voltage . 30 30 
Irradiation voltage . 30 30 
Capacity before 

irradiation (uF) 2.45 2.37 
Change during 

irradiation (uF) . . — 0.6 — 0.2 
Expected change 

from colour (uF). — 2.0 == Ie 


30 30 30 30 30 30 
30 30 26 22 19 16 
2.27 2.27 2.37 2.27 2.43 2.32 
— 0.4 — 0.5 + 0.1 + 0.6 + 0.8 + 1.4 
— 1.3 — 1.7 — 1.6 — 1.4 g— Lal — 1.9 


ately decrease the rate of dissolution of the 
outer part of the oxide. It appears particularly 
significant that the rate of dissolution of the 
dark-grown oxide increases during irradiation 
up to the end of the induction period, during 
which no appreciable increase of thickness 
occurs. The final amount of the increase in the 
disolution rate measured at the end of the 
induction period is independent of the field 
strength, although the induction period is much 
longer at the lower fields. 

During the formation of oxide films on 
chemically polished tantalum at all but the 
smallest current densities the current through 
the oxide is predominantly ionic. Measurement 
of the weight increase on passing a known 
amount of charge showed that this remains the 
case during subsequent continued formation 
in the dark of films partly formed under 
irradiation. The rate of rise of voltage with time 
during formation of oxide without irradiation 
is given by 


IW /dt=HID/dt = HiM/10Fe 


where V =potential, ¢=time, H=field strength 
in oxide, 7=current density, M=molecular 
weight Ta,O5, =the Faraday, o=density of 
Taz05. The rate of rise during subsequent 
formation in the dark of films partly formed 
under irradiation is considerably greater than 
normal (table 5) and continues so during the 
passage of enough charge to form 1000 A or 
more of oxide. The rate of rise of the reciprocal 
capacity is also larger than normal. 


4. Discussion 


It is not possible at present to give any very 
detailed explanation of the photo-induced growth 
which is not too surprising since many aspects 
of the growth of anodic oxide films without 
irradiation are not understood. Irradiation will 
produce charge carriers within the oxide, both 
electrons in the conduction band and _ holes 
in the full band. Under the influence of the 
high field these migrate, respectively, to the 
metal and solution interfaces. Almost all the 
conduction electrons must enter the metal, 
otherwise an impossibly large space charge 
would rapidly develop across the boundary. 
Analogous considerations apply at the oxide- 
solution interface, although here the relative 
disposition of energy levels in an adsorbed OH- 
ion and the oxide full band can only be surmised. 
If the former lies below the oxide full band, 
holes will accumulate until the resulting space 
charge allows electrons to tunnel through from 


5 
(0V/dt); and (0(1/C)/dt); before and after photogrowth 
(latter are initial values) 


TABLE 


Formation 
voltage 30 | 30 | 30 | 30 | 30 | 20 | 15 

AV, during 
photogrowth | 100) 60} 60| 45) 45] 30) 40 
QV/2t):) Before | 329 | 324 | 340 | 334 | 344| 360 | 340 
| After | 418] 458 | 388 | 479 | 456 | 381 | 344 
(a(1/C) ( Before | 172 | 168 | 179] 167 | 180| 191 | 186 
/dt)i¢ After | 296 | 366 | 235 | 360 | 326 | 240| 192 


Units: 10-2 V/min and 10-4 wF/min. 
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the OH- ions into the full band. The precise 
nature of the electrode reactions has not been 
investigated, but the existence of a continuous 
photocurrent requires the production or dis- 
charge of ions at this interface. A likely 
mechanism is 


2p +90H-= H:,O + 402 


which expresses the tunnelling of electrons 
from OH~ ions into the oxide full band and the 
consequent evolution of oxygen. 

The onset of growth after an induction period 
#;, during which the electronic photocurrent 
falls logarithmically with time, implies an 
increase in the field to the point where growth 
can recommence. This is supported by the fact 
that log#; is proportional to the difference 
between the voltage applied across the oxide 
during dark growth (V+) and during irradiation 
(Vi). The really difficult problem, and to which 
we can at present offer no final solution, is the 
reason for the slow modification of the film 
during the induction period. The fall in the 
electronic current cannot be due to the removal 
of charge carriers by trapping, if these remain 
unneutralised, because of the enormous space 
charge which would develop. The electronic 
photocurrents are of the order of 200 wA, i.e., 
about 10% electrons/cm? sec. If there are N 
traps/cm? each of effective cross sectional area 
o, then the rate of trapping is 1015 No, and if o 
is about 10-16 cm? the traps will fill up in 10 sec. 
To account for the observed decay times of 
about half an hour by this mechanism, o would 
have to be 0.510-18 cm2, an extremely low 
value for a trap cross section. A third difficulty 
is that a simple trapping mechanism of this sort 
would lead to an exponential rather than a 
logarithmic decay law. These difficulties may 
be removed to some extent if we assume that 
recombination of electrons and holes occurs 
mainly at traps. Then the rate at which traps 
are filled would involve two terms, one from 
the trapping of electrons at empty traps and the 
other from recombination at occupied traps. 
If all but a small fraction of electrons trapped 
combined with holes the difficulties about the 
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magnitude of the space charge and the time 
taken for it to develop, are obviated. 

An alternative possible explanation is that 
irradiation stimulates changes in crystallinity 
or stoichiometry of the film. Recrystallisation, 
assisted by the field, could account for re-growth 
by resulting in changes of barrier height or 
jump-distance but it is difficult to see why re- _ 
growth occurs apparently indefinitely at 
constant applied voltage if the only changes 
induced are in the barrier parameters or in the 
resistivity of the film. The most reasonable 
explanation of unlimited growth appears rather 
to lie in the modification of the rate-determining 
barrier by a space charge induced and sustained 
by the light. 

The high ionic conductivity of the photo- 
grown material, and the apparent absence of its 
contribution to the reciprocal capacity recall 
the distinction between the properties of films 
formed on aluminium in oxalic (or sulphuric) 
and in boric acid solution, respectively. The 
former have a high ionic conductivity and a 
large capacity. The difference between the two 
types of film is not understood, but is associated 
with the presence of pores in the oxalic type. 
Vermilyea ®) has reported the presence of pores 
in the photogrown films and it is possible that 
the capacity anomaly could be due to these pores, 
though, if so, they must also penetrate the 
original layers of film (if, indeed, it is permissible 
to distinguish the initial layers in the final 
product, since these layers are, in fact, already 
modified before photogrowth begins). The 
presence of pores provides some support for the 
idea of oxygen ion movement, since it is only 
with oxygen ion movement that pores can give 
a continued low ionic resistance (metal ion 
movement would fill them). Dekker and Van 
Geel 14) have postulated that pore-filling is 
responsible for the increased ()V/d¢); which they 
have observed when films formed originally in 
oxalic acid are later polarized in boric acid. It 
is supposed that, as the pores are filled (if they 
are filled), the effective (or “‘barrier layer’’) 
thickness of the film is rapidly increased. 
However, it is improbable that a similar 
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explanation applied to the increased (dV /dt); 
and. (d(1/C)dt); which we have observed in the 
et experiments, because the amounts of 
charge involved are much greater than would be 
required to fill pores. It seems more probable 
that the passage of current tends gradually to 
convert the modified oxide into normal oxide, 
so that the field strength required to produce 
the impressed current in the oxide increases, and 
the dielectric properties become more normal. 
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La stabilité de la phase y dans les alliages uranium- 
molybdéne peut étre augmentée par une addition 
ternaire. Nous avons étudié leffet des éléments 
suivants: chrome, niobium, rhénium, ruthénium, 
zirconium; la teneur en molybdéne a été progressive- 
ment abaissée de fagon a maintenir une concentration 
atomique constante; nos alliages se répartissent ainsi 
en 3 groupes contenant respectivement 14, 16 et 18 % 
atomique d’addition. 

Seul le zirconium diminue la stabilité de la phase y, 
cest aussi la seule des additions envisagées dont le 
diamétre atomique dépasse celui de l’atome d’uranium. 
Ainsi il apparait que la métastabilité de la phase y 
dans le domaine « + y’ dépend d’abord de la con- 
traction de la maille cubique par substitution de 
petits atomes. 

Dans le domaine des concentrations étudiées, il 
semble y avoir pour chaque addition ternaire favo- 
rable, une teneur optimum au-dela de laquelle la 
stabilité n’augmente plus ou se rapproche de la 
valeur du binaire U-Mo. 

Le pouvoir stabilisant des éléments d’addition est 
relativement d’autant plus grand que la teneur totale 
en éléments d’additions est plus faible. 

Enfin, la comparaison des différents alliages du 
point de vue de la perte de réactivité montre le grand 
intérét des additions ternaires: pour une méme perte 
de réactivité, le remplacement d’une partie du molyb- 
déne par du ruthénium permet de multiplier par 5 la 
période d’incubation. 


The stability of the » phase in uranium-molyb- 
denum alloys can be increased by a ternary addition. 
The effect of the following elements was studied: 
chromium, niobium, rhenium, ruthenium and _zir- 
conium. The molybdenum content was progressively 
reduced so as to maintain a constant atomic concen- 
tration of solute; the alloys fall into three groups 
containing respectively 14, 16 and 18 at % of solute. 

Only zirconium reduces the stability of the y phase, 


and it is also the only one among the solutes 
listed which has a larger atomic radius than has 
uranium. It appears that the metastability of the 
y phase in the « + y’ field arises primarily from the 
contraction of the cubic lattice through the substi- 
tution of small atoms. 

In the concentration range investigated it appears 
that there is for each favourable ternary solute an 
optimum concentration, beyond which the stability 
does not increase further or else tends to return towards 
the value characteristic of the binary U-Mo alloy. 
The stabilising capacity of the addition elements is 
relatively the greater, the smaller the total concen- 
tration of addition elements. 

Finally, the comparison of the different alloys from 
the point of view of reactivity demonstrates the great 
interest of ternary solutes: for a given loss of reactivity 
the replacement of some molybdenum by ruthenium 
allows the period of incubation to be increased by a 
factor of 5. 


Die Stabilitat der y-Phase in Uran-Molybdéan-Legie- 
rungen kann durch Zusatz eines weiteren Elements 
erhoéht werden. Es wurde der Einfluss der Elemente 
Chrom, Niob, Rhenium, Ruthenium und Zirkon 
untersucht. Mit wachsendem Gehalt des dritten 
Elements wurde die Molybdankonzentration ent- 
sprechend erniedrigt. Es ergaben sich so 3 Gruppen 
von Legierungen mit 14, 16 und 18 At % an Zusatzen. 

Allein Zirkon vermindert die Stabilitaét der y-Phase. 
Dies ist auch das einzige der betrachteten Elemente, 
dessen Atomdurchmesser den von Uran iiberschreitet. 
Folglich scheint die Metastabilitaét der y-Phase im 
« + y’-Bereich in erster Linie von der Verdichtung 
des kubischen Gitters durch Substitution kleiner 
Atome abzuhiangen. 

Im Bereich der untersuchten Konzentrationen 
scheint es fiir jedes giimstige Zusatzelement einen 
optimalen Gehalt zu geben, von dem ab die Stabilitat 
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nicht mehr verbessert oder wieder dem Wert der 
binéren U-Mo-Legierung angenahert wird. 

Die stabilisierende Wirkung ist im Verhaltnis zur 
Konzentration der Zusatzelemente bei kleinen Ge- 
halten besonders gross. 

Bei einem Vergleich der verschiedenen Legierungen, 


1. Introduction 


Le molybdéne se dissout largement dans la 
phase cubique centrée de ’uranium; la solution 
solide y ainsi formée présente un trés grand 
intérét en tant que combustible nucléaire grace 
& son isotropie, sa résistance aux défauts 
irradiation et ses bonnes caractéristiques 
mécaniques. Mais elle subit & 575°C une 
décomposition eutectoide dont un des consti- 
tuants est ’uranium « orthorhombique, pauvre 
en molybdéne. On peut éviter cette décompo- 
sition par trempe a partir d’une teneur de 10 % 
atomique environ. L’ensemble des études sur 
le diagramme d’équilibre U-Mo, les phases et 
les transformations de ce systéme a été résumé 
par Carrea et al}). 

Pour pouvoir non seulement tremper la 
phase y mais aussi la conserver a Vétat 
métastable pendant une durée suffisante, il 
faut allier a uranium au moins 20 % atomi- 
que de molybdéene. Comme la section efficace 
du molybdeéne est de 2.5 barns/atome, soit plus 
de 10 fois celle de Valuminium, une addition 
aussi importante exige d’enrichir [uranium 
utilisé & prés de 1 °%% en Uogs, pour retrouver une 
réactivité semblable a celle de ’uranium naturel 
non. allié 2). 

Il a paru intéressant de rechercher si, au 
moyen d’une addition ternaire, la stabilité de 
la phase y peut étre acquise sans trop abaisser 
la réactivité de Valliage combustible. Avant 
d’aborder une étude aussi étendue, il parait 
nécessaire de rechercher un critére assez général 
pour cette stabilisation du réseau cubique 
centré. On peut penser le trouver dans la 
comparaison des diagrammes d’équilibres ter- 
naires. Or, d’aprés Ivanov et Badajeva 3) 
Vétendue du domaine de la solution solide y est 
limitée dans les systémes U-Mo-Zr et U-Mo-Nb 
par les affinités entre Mo et Zr et entre Mo et 


365 


welcher unter dem Gesichtspunkt des Reaktivitats- 
verlusts angestellt wird, zeigt sich die grosse Bedeu- 
tung der ternaéren Zusi&tze. So kann bei gleichem 
Reaktivitaétsverlust durch Ersetzen von einem Teil 
Molybdan durch Ruthenium die Inkubationszeit um 
den Faktor 5 vergréssert werden. 


Nb, mises en évidence par la formation du 
composé ZrMog et la solution solide yypmo. 

Au contraire, dans les systemes U-Mo-Cr et 
U-Nb-Zr les deux éléments d’addition semblent 
avoir l’un sur l’autre une influence nulle ou 
méme favorable. Les auteurs cités ci-dessus, 
ainsi que Dwight 4), suggérent que |’addition 
simultanée d’atomes de zirconium (plus gros 
que uranium) et de niobium (plus petit que 
Vuranium) diminue la déformation élastique du 
réseau et abaisse de ce fait le potentiel thermo- 
dynamique de la solution solide y. 

Les études de cinétique de transformation des 
alliages ternaires ne mettent pas en évidence 
des indications aussi générales. Van Thine et 
Mc Pherson 5) ont montré que la décomposition 
de la phase y d’un alliage U-Mo 4 18 % atomique 
de molybdéne peut étre retardée par une 
addition supplémentaire de 1,2 °% atomique de 
platine ou de 3.75 % atomique de niobium; 
mais si l’on porte la teneur en niobium a 7.3 % 
atomique, le gain sur l’alliage binaire devient 
insignifiant. 

Storhok, Bauer et Dickerson ®) ont étudié les 
transformations d’un grand nombre d’alliages 
binaires et ternaires au moyen de mesures de 
dureté a froid sur des échantillons trempés 
aprés des durées échelonnées de décomposition : 
bien que les allures des courbes obtenues 
s’écartent souvent de la forme classique, on 
peut noter les indications suivantes: 

Des additions ternaires de chrome (jusqu’a 
2,2 % atomique), de niobium (jusqu’a 7,4 % 
atomique seulement) et de ruthénium (jusqu’a 
4,5 % atomique) retardent la décomposition de 
la phase y a 500°C, 

Au contraire, des additions de zirconium 
accélérent cette décomposition, car la formation 
d’un précipité de ZrMoz diminue la teneur en 
molybdene de la solution solide et forme sur les 
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joints de grains des germes d’ou croit facilement 
Veutectoide perlitique. 

Nous avons abordé le probléme de fagon un 
peu différente: nous avons cherché a obtenir 
une meilleure stabilisation de la phase y par 
une addition ternaire se substituant a4 une partie 
du molybdéne de telle maniére que le total des 
éléments d’addition en atomes pour cent soit 
le méme pour un groupe d’alliages. Dans ces 
conditions, il est aisé de comparer le pouvoir 
stabilisant des différents éléments d’addition. 

Nous avons choisi comme additions ternaires 
des éléments de transition pour lesquels seul le 
facteur de taille intervient. Parmi les éléments 
de transition, nous avons choisi les éléments de 
faibles rayons ioniques et de faibles sections 
efficaces (exception faite du rhénium). 


2. Méthodes expérimentales 


2.1. ALLIAGES 


Une étude systématique a été réalisée pour 
les alliages contenant 18 atomes pour cent 
d’additions. Par contre, seuls les éléments les 
plus intéressants ont été étudiés pour les 
alliages contenant 16 et 14 atomes pour cent 
d’additions. 

Nous avons préparé les alliages suivants: 


a) Alliages contenant 18 at % d’addition 


U 82 Mo 18 

U 82 Mo 16 Cre 2 
U 82 Mo 16 Nb 2 
U 82 Mo 16 Re 2 
U 82 Mo 16 Ru 2 
U 82 Mo 16 The 
U 82 Mo 14 Crise: 
U 82 Mo 14 Nb 4 
Us 82 Mo 14 Re 4 
U 82 Mo 14 Ru 4 


b) Alliages contenant 16 at % d’addition 


U 84 Mo 16 

U 84 Mo 14 Cr=2 
U 84 Mo 14 Nb 2 
U 84 Mo 14 Re 2 
U 84 Mo 14 Rae, 
U 84 Mo 12 Nb 4 
U 84 Mo 12 Ru 4 
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c) Alliages contenant 14 at % d’addition 


U 86 Mo 12 Gr, 2 
U 86 Mo 12 Nb 2 
U 86 Mo 12 Ru 2 
U 86 Mo 10 Nb 4 
U 86 Mo 10 Ru 4 


d) Nous avons étudié également les alliages 


Mo 16 Nb 2,6 
Mo 16 Cra ie2 


U 81,4 
U 82,8 


car ces alliages ont sensiblement le méme para- 
métre cristallin que lalliage U 82 Mo 18. 

Les différents alliages ont été préparés dans 
un four 4 are ot 4 refusions successives et un 
brassage électromagnétique énergique assurent 
une bonne homogénéité macroscopique du 
lingot. Il suffit ensuite d’un traitement de 48 
heures a 1000° C pour supprimer toute micro- 
ségrégation. 


2.2. TRAITEMENTS THERMIQUES 


Nous avons cherché dans quelle mesure les 
traitements en phase y et les conditions de 
trempe pouvaient intervenir sur la cinétique de 
la décomposition eutectoide. La température et 
la durée (au-dela d’une heure) du maintien en 
phase y n’ont pas d’influence sur la vitesse de 
décomposition, sauf dans le cas des U-Mo-Ru. 
Par contre, une variation des vitesses de trempe 
peut modifier Vallure des courbes TTT. La 
décomposition est plus rapide aprés une trempe 
a l’eau qu’aprés une trempe a lair. Cet effet 
peut s’interpréter par l’action des contraintes 
mécaniques, créées au cours de la trempe a 
Peau, qui peuvent étre mises en évidence par 
un élargissement des raies de diffraction des 
rayons X de la phase y. Nous avons choisi la 
trempe a l’air qui évite de trop fortes tensions 
et qui permet de se rapprocher des conditions 
de trempe des barreaux de pile, soit au moment 
de leur fabrication, soit au cours du refroidisse- 
ment de la pile. 

Dans le cas des alliages U-Mo-Ru, la décom- 
position perlitique peut étre accompagnée ou 
méme remplacée par une décomposition intra- 
granulaire qui est fortement influencée par les 
conditions de trempe. Nous avons étudié plus 
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en détail les facteurs de traitements thermiques 
favorisant ou supprimant cette décomposition 
intragranulaire. 


2.3. MICROGRAPHIE 


* Alliages contenant 18 at % d’additions: 


Les éprouvettes, maintenues deux heures a 
900° C en phase y sont trempées a lair puis 
scellées sous vide dans des tubes de verre et 
maintenues un temps déterminé 4 la tempé- 
rature de décomposition isotherme. 


* Alliages contenant 16 et 14 at °% d’additions: 


Ces alliages se décomposent trop rapidement 
pour qu’on puisse effectuer une trempe a la 
température ambiante suivie d’un revenu. Les 
éprouvettes sont maintenues deux heures a4 
900°C puis trempées dans un bain d’étain 
maintenu a la température de décomposition 
isotherme. 


2.4. DILATOMETRIE 


Pour obtenir une bonne précision, le début de 
décomposition déterminé par dilatométrie a été 
fixé a une variation de longueur représentant 
5 % de la variation totale, ce qui correspond 


a un degré de décomposition plus grand que 
dans le cas de la micrographie. 


Big 1 


U 82 Mo 16 Zr 2 
U 82 Mo 14 Nb4 
U 82 Mo 16 Nb 2 
U 82.8 Mo 16 Cr 1.2 


Bmw De 
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* Alliages contenant 18 at % d’additions: 


La décomposition isotherme de ces alliages 
trempés est étudiée au moyen d’un dilatométre 
Chévenard sous vide. 


* Alliages contenant 16 et 14 at % d’additions: 


La décomposition isotherme de ces alliages 
est étudiée au moyen d’un dilatométre de 
trempe comprenant deux fours se substituant 
rapidement l’un a l’autre. Le premier four est 
maintenu a 800° C en phase y, le deuxiéme four 
est réglé a la température de décomposition 
isotherme. Par ce dispositif, les trempes durent 
environ deux minutes, ce qui permet d’étudier 
des alliages ayant une stabilité supérieure a dix 
minutes. 


2.5. 


Les mesures des paramétres de la phase y 
ainsi que l’analyse des produits de décomposition 
sont effectuées sur des échantillons massifs au 
moyen d’un diffractométre & compteur en 
rayonnement monochromatique Ko; du cuivre. 


Rayons X 


3. Résultats Expérimentaux 


3.1. Courses TTT 


Les courbes TTT obtenues pour les différents 
alliages par dilatométrie sont reproduites sur 


SS 1OL At 


TEMPS 
Liat rae S eatcie Gnaeat joel! 
10 HEURES 


Courbes TTT relatives a des alliages contenant 18 atomes pour cent d’éléments d’addition 


5 U82 Mol8 

6 U 81.4 Mo 16 Nb 2.6 
1 7U. 825 Mo 16"Cr 2 11 
8 U82 Mol6 Ru 2 


9 U 82 Mol4 Ru4 
10 U 82 Mo 16 Re 2 
U 82 Mo 16 Re 4 
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les figures 1, 2 et 3. Nous n’avons pas reproduit 
les courbes TTT obtenues par micrographie, 
leur allure et leur position relative est la méme 
que par dilatométrie, elles sont simplement 
décalées vers les temps plus courts. 


WLC 
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d’uranium «. Pour des revenus effectués a une 
température inférieure a 500° C, les plaquettes 
duranium « n’évoluent pas et la décomposition 
s’effectue A partir des joints de grains. Par 
contre, pour des revenus effectués 4 une tempé- 


01 05 1 


Fig. 2. 
1 U84 Mo 16 
2 U84 Mo 12 Nb4 
3 U84 Mo 14 Nb2 
4 U84 Mol4 Cr 2 
3.2. MIcROGRAPHIE 


L’aspect micrographique des produits de 
décomposition varie peu suivant les alliages. 
Les alliages U-Mo, U-Mo-Cr, U-Mo-Nb, U-Mo-Re 
présentent une décomposition perlitique inter- 
eranulaire. L’alliage U-Mo-Zr présente a la fois 
une décomposition intergranulaire et intra- 
eranulaire classique. Le cas de l’alliage U-Mo-Ru 
est beaucoup plus intéressant, nous |’étudierons 
plus en détail. 

La décomposition des alliages U-Mo-Ru 
trempés a partir de 900°C dans l’eau salée 
commence par l’apparition de plaquettes en 
cohérence avec la matrice y (fig. 6). Ces pla- 
quettes peuvent étre réparties dans tout le grain 
y ou rassemblées aux sous-joints. Des plaquettes 
analogues ont été mises en évidence au cours de 
revenues a 450 et 500°C dWalliage U-Mo a 
21.5 % atomique 7) et U-Mo-Pu 8). L’abondance 
de ces plaquettes nous a permis de montrer par 
diffraction des rayons X qu’ils’agit de particules 


HEURES 


Courbes TTT relatives a des alliages contenant 16 atomes pour cent d’éléments d’addition 


5 U 84 Mo 14 Ru 2 
6 U 84 Mo 14 Re 2 
7 U 84 Mol2 Ru4 


rature supérieure a 500°C, la décomposition 
s’effectue 4 partir de ces plaquettes. A 550° C, 
la décomposition s’effectue entiérement & partir 
de ces plaquettes, la décomposition inter- 


eds 


550 


550 


450 
TEMPS 
EN 


04 0.5 1 HEURES 


Fig. 3. Courbes TTT relatives & des alliages conte- 
nant 14 atomes pour cent d’éléments d’addition. 


1 U86 Mo 10 Nb4 4 U 86 Mo 12 Ru 2 
2 U 86 Mol2 Cr 2 5 U86 Mol10 Ru 4 
3 U 86 Mo 12 Nb 2 


oe 


ON 
aoe Ue cates Lé& 
ff SS Sew 
U 82 — Mo 16 — Ru 2. x 650 U 82 — Mo 16 — Ru 2 x 550 
Trempe eau salée & partir de 900°C. Revenu 8 h Trempe eau salée & partir de 900°C. Revenu 16 h 
a 550° C a 550° C 


1 
«x 5000 


U 82 — Mo 16 — Ru 2 trempe eau salée & partir de 900° C. Revenu 8 h & 550°C 


x 3000 


U 82 — Mo 14 — Ru 4 trempe air & partir de 900°C. Revenu 8 h & 550°C 


Figure 4 
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Fig. 5. Vues sous des angles de polarisation différents de la méme plage d’une éprouvette 
dalliage U 82 — Mo 14 — Ru 4 revenu 16 heures a 550° C (x 650) 


Rx 


anes 


OM Domes So depuis 650° C - ; 
Trempe eau salée depuis 650° C Trempe air depuis 900° C 


Fig. 6. Alliage U 82 — Mo 14 — Ru 4 décomposé 16 heures 4 55 
thermiques (x 650) 


0° C aprés différents traitements 
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granulaire disparait complétement (fig. 4). Les 
plaquettes ont une orientation bien définie par 
rapport a la matrice de la phase y, si bien qu’en 
lumiére polarisée chaque grain y décomposé 
donne une teinte particuliére; la figure 5 
représente deux aspects de la méme plage d’une 
éprouvette partiellement décomposée sous des 
angles de polarisation différents. 

Les conditions de trempe ont une influence 
considérable sur la cinétique et sur le mode de 
décomposition de l’alliage U-Mo-Ru. La figure 6 
représente l’aspect d’éprouvettes décomposées 
16 heures a 550° C aprés différents traitements 
thermiques. Aprés une trempe a l’eau salée 
effectuée a partir de 900° C. la décomposition 
est rapide et elle s’effectue seulement a l’inté- 
rieur des grains sous forme de plaquettes 
orientées par rapport a la matrice y. Pour une 
trempe a l’eau salée effectuée a partir de 650° C, 
la décomposition est lente et elle s’effectue aux 
joints de grains sous forme de perlite classique. 
Les éprouvettes trempées a lair a partir de 
900° C ont un processus de décomposition a la 
fois intergranulaire et intragranulaire avec des 
plaquettes orientées. Nous interprétons ces 
résultats par l’influence de lacunes conservées 
au cours de la trempe qui favorisent la décom- 
position en augmentant les vitesses de diffusion. 

Pour obtenir un alliage U-Mo-Ru stable, il 
faut done effectuer une trempe lente a partir 
d’une température peu élevée. Dans les condi- 
tions du fonctionnement d’une pile, le refroi- 
dissement assez lent des barreaux conduira a 
une décomposition perlitique classique plus 
lente que la décomposition sous forme de pla- 
quettes. 


3.3. PRODUITS DE DECOMPOSITION 


Les différents alliages décomposés ont été 
examinés aux rayons X. Seul le niobium, parmi 
tous les éléments d’addition ternaire, modifie un 
peu les parameétres de la phase y’: la maille 
est contractée suivant l’axe a et dilatée suivant 
Vaxe c, elle est moins quadratique que la maille 
ye pure. Dans lalliage U-Mo-Ru, quelques raies 
de diffraction supplémentaires apparaissent, ces 
raies doivent appartenir a la phase U2Ru. 
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4. Discussion des Résultats 


4.1, STABILITh EN FONCTION DU PARAMETRE 


DE LA PHASE y 


La stabilité de la phase y définie par le temps 
¢ au nez de la courbe TTT d’un alliage est liée 
& la valeur du paramétre cristallin a de la 
phase y (fig. 7). Si ’on exprime ¢ en heures et 
a en Angstréms, on obtient les lois suivantes: 


rhénium ou ruthénium log t = — 58.8 a + 201.8 
niobium log ¢ = — 58.8a + 201.7 
chrome log ¢ = — 58.8 a + 201.4 
TEMPS EN 
HEURES 
5 Ru2 


05- 


0.25 


0.1 
3.420 3.425 3.430 3.435 3.440 3.445 


Fig. 7. Relation entre la stabilité et la valeur du 
paramétre cristallin de la phase y. 
© 18 atomes % x 16 atomes % 


A 14 atomes % 


Pour une méme dimension de la maille y, les 
différents éléments d’addition ternaire se clas- 
sent dans l’ordre de stabilisation décroissante 


suivant: rhénium ou ruthénium, niobium, 
chrome. 
4.2. POUVOIR DE SUBSTITUTION AU MOLYB- 


DENE DES DIFFERENTS ELEMENTS D’ADDI- 
TION TERNAIRE 


Le tableau 1 indique le pouvoir de substitution 
au molybdeéne des différents éléments d’addition 
ternaire. Par example, dans l’alliage U 86 — 
Mo 12 -— Ru 2 la substitution de deux atomes de 
ruthénium a deux atomes de molybdéne donne 
un alliage ayant la méme stabilité que l’alliage 
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TABLEAU 1 


Pouvoir de substitution des elements d’addition ternaire 
i eee eee eee eee ee ese ee eee 


Ruthénium Rhénium Chrome Niobium 
2at% 4at% | 2 at% 4 at% | 2 at % 4 at % | 2 at % 4 at % 
Ne ee Se 
Alliages contenant 14 at % 
d’additions. 2,4 Tesi Do, 2 1,4 
Alliages contenant 16 at % 
d’additions. 1,8 115) 1,8 eS ial Lyi 
Alliages contenant 18 at % 
d’additions. Wi 1,3 1,3 1,3 1,2 <1 0,8 0,8 
binaire U 83,2—Mo 16,8: deux atomes de 4.3. STABILITE EN FONCTION DE LA PERTE DE 


ruthénium ont donc le méme effet que 4.8 
atomes de molybdene, ce qui donne un pouvoir 
de substitution de 2,4 pour 1 atome % de 
ruthénium. 

Le pouvoir de substitution des différents 
éléments est d’autant plus grand que la teneur 
totale en additions est plus faible, il est égale- 
ment plus grand pour 2 at % d’addition ternaire 
que pour 4 at %. Dans le cas du chrome, les 
alliages a 4 at % ont une stabilité trés faible 
car la limite de solubilité du chrome en phase 
y est probablement dépassée et la décompo- 
sition s’amorce a partir des précipités. 


200 


8000 


7000 


5200 
01 05 1 5) HEURES 
Fig. 8. Stabilité en fonction de la perte de réactivité 
des différents alliages. 
© 18 atomes % x 16 atomes % 


A 


14 atomes % 


REACTIVITE DE L’ ALLIAGE 


Pour l’utilisation des alliages en pile, il est 
essentiel que la perte de réactivité soit aussi 
faible que possible. Le pouvoir stabilisant d’un 
élément d’addition ternaire n’est intéressant 
que dans la mesure ou la perte de réactivité de 
Valliage est faible. Nous avons comparé entre 
eux les différents alliages ternaires en fonction 
a la fois de leur stabilité et de leur perte de 
réactivité. 

La figure 8 représente la perte de réactivité 
des différents alliages en fonction de leur 
stabilité définie par le temps ¢ au nez des 
courbes TTT. 

Il est commode de comparer les différents 
alliages ternaires a l’alliage binaire U-Mo 


HEURES 


01 


05 5 


Fig. 9. Différence de perte de réactivité entre les 
différents alliages ternaires et l’alliage binaire U-Mo 
donnant la méme stabilité, en fonction du temps t 
au nez des courbes TTT. 
18 atomes % x 16 atomes % 
A 14 atomes % 
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STABILISATION DE LA PHASE y DANS LES ALLIAGES TERNAIRES 


donnant la méme stabilité. La figure 9 repré- 
sente la différence de perte de réactivité entre les 
différents alliages ternaires et Valliage binaire 
U-Mo donnant la méme stabilité, en fonction 
du temps ¢ au nez des courbes TTT. Par 
intérét décroissant, les différents éléments 
ternaires d’addition se classent dans l’ordre 
suivant: ruthénium, niobium, chrome, zirco- 
nium. Le rhénium, qui a une trés grande section 
efficace, n’a pas été classé dans ce graphique. 


5. Conclusions 


1° Cette étude nous a permis de trouver un 
critere général liant la stabilité de la phase y 
a la contraction de la maille cubique: plus la 
maille cristalline est petite, plus la stabilité de 
la phase y est grande. L’hypothése de Dwight *), 
qui expliquait l’élargissement du domaine y 
dans le diagramme ternaire U-Nb-Zr par un 
équilibre des contraintes provenant de la 
contraction de la maille due au niobium et de 
la dilatation de la maille due au zirconium, 
nest pas appliquable a la stabilité dans le 
domaine «+y’ des alliages ternaires a base 
duranium-molybdene. 

2° Pour chaque élément d’addition ternaire, 
il existe une teneur optimum donnant un 
maximum de stabilité de la phase y. Cette 
teneur optimum est voisine de deux atomes 
pour cent pour tous les éléments d’addition 
ternaire. 

3° Le pouvoir stabilisant des éléments 
d’addition ternaire est relativement plus fort 
lorsque la teneur totale en éléments d’addition 
(molybdene + élément ternaire) est plus faible. 

4° Chacun des éléments d’addition ternaire 
posséde des propriétés particuliéres. 

Au point de vue cinétique de décomposition, 
pour une méme contraction de la maille, les 
différents éléments se classent dans l’ordre 
suivant de stabilisation décroissante : ruthénium 
ou rhénium, niobium et chrome. 

Au point de vue du mode de décomposition 
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le ruthénium favorise une décomposition intra- 
granulaire sous forme de plaquettes orientées 
par rapport a la matrice de la phase y. Tous les 
autres éléments ne modifient pas le mode de 
décomposition perlitique de Vlalliage binaire 
U-Mo. 

5° Les alliages ternaires & base d’uranium- 
molybdéne ont un grand intérét technologique. 
Si la perte de réactivité de Valliage est fixée a 
Vavance, utilisation d’alliages ternaires a la 
place de l’alliage binaire U-Mo permet d’aug- 
menter considérablement la stabilité de la 
phase y: cing heures au lieu d’une heure pour 
18 atomes pour cent, une heure au lieu de 
douze minutes pour 16 atomes pour cent. 

Par contre, si les conditions de fonctionne- 
ment d’une pile imposent une stabilité définie 
de la phase y’, utilisation d’alliages ternaires 
permet un gain de réactivité allant jusqu’a 
900 pem. 
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Aluminium-nickel alloys resistant to water at 
around 300° C have been extensively studied !~°) 
and a preliminary account of experiments with 
such materials in superheated steam at even 
higher temperatures has recently been given ®). 
At temperatures between 300° and 500°C. 
corrosion, when uniform, is very slight, about 
0.5 mg/em? weight loss (equivalent to about 
2x 10-3 mm penetration) in 300 hours, with 
steam pressures in the range 1000 to 1500 psi. 
However, an unusual, very destructive, pene- 


ULL PTT 


Fig. 1. Localised penetrating corrosion of an Al/2.5 
wt % Ni alloy in steam at 400°C, 700 psi (1 mm 
graduations). 


trating type of attack can occur within this 
temperature range and becomes more likely as 
the temperature increases. It starts at a number 
of discrete points and sometimes destroys the 
whole specimen (fig. 1). Materials based on 
Sintered Aluminium Powder (“‘S.A.P.’’), which 
contain aluminium oxide finely dispersed 
throughout the metal, are more resistant to such 
localised corrosion, in that a smaller proportion 
of specimens are attacked than is the case with 
a plain aluminium-nickel alloy. 

Recent work has aimed at finding the cause 
of localised attack, which on ‘‘S.A.P.”’ materials 
takes the form of “cones” (fig. 2). The regu- 
larity of these is remarkable. For the experi- 
ments an “S.A.P.” containing 6.5 wt % oxide, 
0.75 wt % nickel, 0.75 wt % iron and 0.07 wt % 


TTTTTUI 


; 
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Fig. 2. “Cone-formation” on §.A.P./Ni/Fe material 
in steam with added Hz at 400°C, 1400 psi (2 mm 
graduations). 
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Fig. 3. Scheme showing effect of Hz additions on ‘“‘cone-formation” in steam at 400° C and pressures in the 
range 1000-1500 psi. 


silicon, was tested in steam at 400° C and 1500 
psi. The test period was generally 48 hours. The 
first specimens were pickled by immersion for 
10 minutes in 5 9% sodium hydroxide solution 
followed by 5% nitric acid solution before 
testing; and it was found that heavier pickling 
than this reduced the incidence of penetrating 
attack, while the omission of pickling increased 
the proportion of specimens attacked. In order 
to favour the latter, in tests designed to discover 
its causes, unpickled specimens were accordingly 
used. These were 4 x 1 cm in size and were cut 
by guillotine from 1.6 mm sheet, drilled, 
degreased in acetone, and suspended on sintered. 
alumina rods in low alloy steel autoclaves for 
48 hours. A number of factors, affecting both 
the metal and the test conditions were studied. 
Among the former were cold-work, stress, 
coupling to stainless-steel and to iron, surface 
contamination with NiAls particles, and catho- 
dic discharge of hydrogen (2 A/cm? in 5% 
sodium hydroxide solution for 10 minutes) 
before testing. Variations of the test conditions 
included pressures in the range 1000 to 1500 psi, 
condensation on the specimens induced by 
thermal cycling and by introducing a “‘cold- 
finger’? into the autoclave, omission of the 
normal expulsion of air from the autoclaves, 
and additions of hydrogen to the latter. In all 
these experiments a definite stimulation of 


penetrating attack was obtained only when 
hydrogen was added to the steam. This was 
conveniently done by putting weighed amounts 
of super-purity aluminium, which corrodes 
rapidly and completely under the test conditions, 
into the autoclave along with the specimens. 
The final steam and hydrogen pressure was 
adjusted by using appropriate quantities of 
water and super-purity aluminium. Normally 
5 g of the latter was used, equivalent to 150 psi 
of hydrogen at the test conditions. 

The influence of hydrogen was confirmed by 
exposing specimens successively to steam with 
and without hydrogen additions, as shown in 
(fig. 3). During this sequence 
uncorroded ‘‘control” specimens were intro- 
duced at appropriate points, as a check of 
possible uncontrolled variations in conditions 
from one test to another. 

These results show that penetrating attack 
is induced by the addition of hydrogen to the 
steam, and may offer an explanation of some 
results obtained in the earlier 
experiments, which, though demonstrating the 
influence of pickling, suggested that factors in 
the test conditions were also having an effect. 
Furthermore, exposure conditions known to 
favour penetrating attack can now be provided, 
and a more systematic study of its response to 
factors within the metal can be undertaken. 


the scheme 


anomalous 
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Such experiments are now in progress. In view 
of the very low corrosion rates found in the 
absence of penetrating attack, its prevention is 
likely to be a decisive factor in the practical 
use of aluminium alloys in high temperature 
steam. 
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US/UK GRAPHITE CONFERENCE, 1957. (USAEKC, 
Technical Information Service Extension, March 1959). 
156 pages. $1.75. TID-7565, Pt.1). 

This publication is a record of the papers submitted 
to a Conference in London from December 16th to 
18th, 1957. The meeting arose from the agreement 
for co-operation between the USA and the UK and 
was meant to cover classified discussion on irradiation 
effects on graphite and gas:graphite reactions. The 
publication is available from the. Office of Technical 
Services, Department of Commerce, Washington 25, 
DC, at a price of $1.75. (The decision to publish in 
America rather than in the UK will no doubt be of 
great inconvenience to British reactor engineers and 
one would have thought that joint publication, such 
as took place in the case of the original Smythe report, 
would have been a better arrangement). The book 
includes 8 American and 7 British papers and excludes 
one paper which remains classified and has been 
consigned to Part 2. There is only a very brief in- 
troduction and the discussions have not been reported 
although the introduction claims that some of the 
important points raised in the discussion have been 
incorporated in the papers. This is by no means 
obvious, however, and it seems safe to conclude that 
the discussion has been inadequately reported. 

Comprehensive information on irradiation effects 
in graphite was first published at the 1955 Geneva 
Conference on the Peaceful Uses of Atomic Energy. 
The present booklet presents this knowledge up to 
date (1957). However, some of the papers submitted 
to this US/UK Graphite Conference had apparently 
already been tabled at a French/American meeting 
on graphite reactors held at Brookhaven (BNL 489). 

The first three papers emanate from Hanford and 
give a detailed description of the effects of reactor 
radiation on the physical properties of graphite. These 
are, of course, of the greatest importance to UK 
reactor technology. They were later republished in 
1958 as paper P/614 of the Geneva Conference. The 
paper by E. M. Woodruff makes it clear that Wigner 
growth (which has been known for some time), may 
be a transient phenomenon. It appears that heavy 
irradiation (particularly at temperatures of about 
500° C) leads to a steady and by no means inconsi- 
derable shrinkage. The following paper (by J. M. 
Davidson), is the first to specify circumstances which 
limit the storage of energy in graphite under neutron 
irradiation. This limitation is ascribed to a balance 


between the effects of irradiation damage and irra- 
diation annealing. British reactor engineers will 
probably be gratified to find that the amount of energy 
stored in graphite after irradiation at temperatures 
above 300° C is negligible. The corresponding results 
for British reactor graphites will clearly be in great 
demand. The paper also presents evidence which 
demonstrates that damage accumulating at higher 
irradiation temperatures requires a higher “‘energy of 
activation’’ for its removal. The results available do 
not give a clear picture and would have been much 
more easily understood if the third paper had been 
introduced before the second. 

The paper by Nightingale is a most important 
contribution to the study of the irradiation annealing 
phenomenon. This aspect of irradiation damage in 
graphite was first touched on at the first Geneva 
Conference where it was introduced in an American 
paper (P 746) on the basis of a few British results. 
The present paper makes it quite clear that reactor 
irradiation at 375°C is remarkably effective in re- 
moving irradiation damage. Thermal annealing is 
rather selective in removing damage: it was already 
known that the initial damage, such as is associated 
with interstitial carbon atoms, can be removed at 
lower temperatures while the heavier damage, which 
is associated with clusters of displaced atoms, requires 
a much higher annealing temperature. It is now known 
that irradiation annealing is effective in removing even 
the heavy damage at low temperatures. This process 
has been interpreted as arising from the effect of 
displaced carbon atoms in the energy range 3 to 25 eV, 
i.e. carbon atoms with 4 % of the kinetic energy of 
the primary atom. 

The British contribution to the subject of the physi- 
cal effects of irradiation damage in graphite are 
represented by an experimental paper by Bell and 
Simmons, a general paper by Simmons and a paper 
by Bell and Greenough, who summarise the British 
results on stored energy. These papers appear to 
reveal all the information available to the British 
engineers at the time and show how closely the Ameri- 
can approach has been followed in this country. 
Unfortunately, British reactors have not been running 
as long as their American counterparts so that the 
saturation of the stored energy had not yet been 
encountered in the UK. (It is interesting to observe 
that the UKAKA developed their own elegant measur- 
ing techniques while the USAEC employed the US 
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Bureau of Standards for this purpose). It is disappoint- 
ing to find that the “irradiation annealing” effect 
appears to have received little attention in Britain. 
(Fig. 11 of Simmons’ paper suggests an intriguing 
picture of the growth of the British reactor graphite 
industry). 

One American and two British papers concern 
themselves with a mainly theoretical picture of the 
kinetics of graphite energy release. The paper by 
R. L. Carter of Atomics International elaborates on 
the possibility of a thermally insulating skin develop- 
ing on the surface of reactor graphite blocks so that 
the interior of these blocks rises to relatively high 
temperatures and accumulates very little damage. 
Lomer (AERE) elaborates on two models (a “constant 
activation”? model and a constant frequency model) 
for predicting the consequences of arbitrary sequences 
of heating and cooling of reactor graphite. This work 
is applied by Foreman (AERE) in studying the spread 
of a temperature wave which releases stored energy 
in graphite. A later account of this work was given 
at Geneva in 1958 (P/2485). 

The booklet includes a paper on the control of 
radiation damage in the Brookhaven National Labo- 
ratories’ reactor and this is clearly of great practical 
and historical interest. This work was published at 
Geneva in 1958 as paper P/462. Subsequent to the 
conference, stored energy measurements were made 
on graphite contained in the Oak Ridge graphite 
reactor and a report on this subject was included in 
the Proceedings of this Conference though the paper 
was not available at the time of the conference. This 
is a particularly interesting paper since the measure- 
ments were done in the knowledge of British ex- 
perience arising from the Windscale accident so that 
one may in some ways regard this work as a post- 
mortem on this incident. 

Four papers on the effect of irradiation on the chemi- 
cal reactions of graphite with gases are included and 
particular attention is paid to oxygen. Kosiba and 
Dienes reported results of work done on reaction of 
graphite with air in the Brookhaven reactor. It was 
concluded that the atoms displaced by pre-irradiating 
graphite with neutrons exerted a large influence on 
the reaction. The presence of gamma rays enhanced 
the rate of reaction somewhat but the displaced atoms 
had a larger effect. At 250 and 350°C the presence 
of the radiation caused a large increase in the rate 
of oxidation. However, at 350 and 400° C the out-of- 
pile reaction rates were smaller than at the lower 
temperatures, and the presence of the radiation 
appeared to inhibit the reactions even further. It is 
difficult to accept these results as anything other than 
preliminary measurements. The corresponding British 
paper by Wright of Harwell describes experiments 
done mainly at 200° C in BEPO and it was concluded 
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that the rate of the irradiation-induced reactions 
depended on the pressure of the gas. The rates of 
oxidation observed in-pile were much higher than 
those for out-of-pile tests and the evidence led to the 
conclusion that the enhancement was due to ozone 
formation. Another British paper came from the 
R & D Branch at Windscale and summarised ex- 
perience of oxidation measurements in the Windscale 
and Calder Hall reactors. Experience in Windscale 
confirmed the Harwell measurements and showed 
that the weight loss depended on the position of the 
specimen in the pile. Results of measurements in 
Calder Hall suggested that there was an irradiation- 
promoted reaction in the carbon dioxide atmosphere. 
The evidence presented was based largely on measure- 
ments of the carbon monoxide concentration in the 
reactor circuit’ and must be regarded as of a preli- 
minary nature. This report should be read in the light 
of the subsequent paper (P/303), at the Geneva 
Conference. 

Finally, Hennig of the Argonne National Laboratory 
has presented the only paper which can claim to be 
of a fundamental nature. He irradiated single crystals 
of graphite and examined the effects of oxidation by 
microscopy. It appears that irradiation produced 
defects on all surfaces of the crystals. The defects led 
to corrosion and it was shown that the corrosion was 
not a catalytic effect. (This paper reappeared at 
Geneva as P/1778). 

In conelusion, one cannot do better than quote the 
words of R. L. Carter who claims that “‘a completely 
satisfactory theory of irradiation damage in graphite 
remains to be formulated. However, graphite has been 
studied more thoroughly in this respect than any 
other substance known’’. The papers leave the strong 
impression that the work presented here has not been 
backed by a fundamental research programme. It 
is very noticeable that the vast majority of the results 
have been produced in the course of work in pro- 
duction reactors and it is remarkable how few results 
have emanated from reactors of the MTR type. One 
also cannot avoid the impression that the chemical 
side of the work has been given a surprisingly low 
order of priority and this is difficult to understand. 

All the papers emphasize the lack of uniformity 
in reporting and measuring the irradiation dosage. 
Doses hav» been reported in MW days per adjacent 
tonne (MW/AT), MW days per central tonne, (MW/ 
CT), nvt thermal and Bepo equivalent nvt thermal 
(nvt B.E.). This lack of uniformity must have given 
the Conference considerable food for thought and one 
hopes that this may result in some standardisation. 
Several typographical errors and faulty legends on 
the figures have been noted but these do not mar what 
is a unique collection of data for reactor graphite. 


H. W. DAVIDSON 
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(i) A. N. HontpEn, Physical Metallurgy of Uranium 
\ddison—Wesley Publishing Company, Inc., Reading, 
lass., USA, 1958, $5.75). (Also obtainable from 
ergamon Press, London). 


(i) L. Gratncer, Uranium and Thorium (George 
ewnes, Ltd., London, 1958. 25s.). 


It is not inappropriate that these two books, with 
1eir superficial similarity of title, should be reviewed 
gether. They are, however, individually quite 
ifferent in content and treatment of their subjects; 
gether, they form a comprehensive picture of the 
roperties, and the uses in nuclear engineering, of 
ranium and thorium. 

Dr. Holden’s book appears to be the first generally 
vailable connected account of the physical metallurgy 
f uranium, and has drawn heavily on the author’s 
wh experience and contact with work not hitherto 
idely published. It is a little difficult to find much 
hich is really novel in the book, but the convenience 
» students and others of having previously scattered 
formation between the covers of one book is 
mnsiderable. The emphasis, naturally, is on American 
ork in the references and excellent bibliographies, 
ut material from other sources is not neglected. The 
ook deals with the nuclear properties, crystallo- 
raphy, and physical and chemical properties of 
ranium, and, after a comprehensive discussion of 
1echanical properties and modes of deformation, 
1oves on to recrystallization, grain growth, trans- 
yrmations and diffusion in uranium and its alloys. 
vadiation damage and thermal cycling are discussed, 
od, after a chapter on fuel element design, the book 
loses with an account of uranium metallography. The 
portant aspects of the physical metallurgy of 
ranium are thus well covered (except for corrosion). 
he treatment is unusually critical. Warnings are 
icluded that many of the descriptions of the behaviour 
f the metal are perforce based on material of unspeci- 
ed purity, and that the details discussed may require 
10dification. The point is also made that the discon- 
srting variations in data recorded for the mechanical 
roperties may well due to the rapid variation with 
>mperature of these properties at room temperature. 
. good feature is the inclusion of suggestions for the 
wther work required to clarify or extend present 
nowledge. 

The chapters on deformation processes, which rely 
eavily on an understanding of the stereographic 
rojection, on diffusion, and on dimensional instability 
re stimulatingly written. The treatment in other 
laces is occasionally superficial, as in the discussion 
fexaggerated grain growth and of the grain coarsening 
1ethod for growing single crystals, and there are 
ccasional surprising omissions—the effects of fission 
ases and the phenomenon of swelling are, for instance, 
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given less prominence than would have been expected. 
The English is not always happy, and one finds 
references to “hot temperatures” or “‘cold tempera- 
tures’”’. These minor criticisms, however, do not greatly 
detract from a work in which selection from a mass of 
data, some of it conflicting, has been sound and careful, 
giving rise to a unified treatment with critical evalu- 
ation, correlation and interpretation of existing 
material relating to the physical metallurgy of uranium. 


Mr. Grainger’s book, by contrast, is concerned 
mainly with the technology of uranium and thorium, 
and topics of considerable importance to the physical 
metallurgist are frequently treated only in outline. It 
is, for instance, a little surprising to read, after noting 
the emphasis which Dr. Holden places on the pro- 
duction of pure material for studying the fundamental 
properties of uranium, that the production of this 
metal by the thermal decomposition of UIs is of little 
more than academic interest. This emphasizes the 
difference in outlook and intention of the two authors. 
Mr. Grainger’s book sets out to give a comprehensive 
account of the technology of uranium and thorium 
which can form an adequate background for scientists, 
engineers and technologists who, while not primarily 
concerned with atomic energy, nevertheless are called 
upon to give an increasing service to the industry. In 
this the book succeeds; it is doubtful whether the 
author has been equally successful in his subsidiary 
attempt to make the text helpful to the layman, who 
will find many of the technical terms and concepts 
(such as crystallographic notation) too far beyond him. 
The extraction of the two metals is treated in consider- 
able detail. This topic is followed by brief chapters on 
the chemistry of uranium and thorium, and by more 
extensive chapters on physical and mechanical 
properties. By comparison with the treatment of 
uranium in Dr. Holden’s book, the discussion is more 
superficial, but this is perhaps not inappropriate in 
view of the author’s concentration on technological 
aspects. Topics such as the effects of thermal cycling 
of uranium, however, would seem to be technologically 
important enough to merit rather more than the 1} 
pages allotted; for possible explanations of these and 
related effects the other book is of help. The account 
continues with a useful chapter on health hazards, 
prior to a consideration of uranium and thorium as 
nuclear fuels and a description of current practice and 
future possibilities in connection with fuel elements. 
These chapters are detailed, authoritative and in- 
formative. Though there are occasional lapses into 
“jargon”? which is less familiar outside the nuclear 
power industry than within it, they form a balanced 
account of present technology and possible develop- 
ments. Emphasis is naturally given to British methods 
and experience, but what is relevant about American, 
Canadian and French practice, and what can be 


380 


gleaned about Russian reactors, is also presented. The 
book is rounded off by a good selective bibliography. 
These two volumes are individually helpful in their 
different ways, and satisfactorily complementary. Their 
importance and timeliness cannot be denied in the 
light of Mr. Grainger’s forecast that the total world 
capacity of nuclear-produced power may reach, by 
1967, 100 000 MW, corresponding to 50000 tons of 
uranium per year. By the late 1970’s this figure may 
well have doubled. G. V. RAYNOR 


CONTROLLED THERMONUCLEAR CONFERENCE. 
(Held February, 1958, issued October 1958 by 
USAEKC. 528 pages. Obtainable from Office of 
Technical Services, Department of Commerce, 
Washington 25, D.C., at $ 4.75). 


The book includes a group of 9 papers presented at 
a Session on ‘‘Material Problems, Vacuum and Shock”’. 
The following are of potential interest to readers of 
this Journal: Radiation Damage Effects in Thermo- 
nuclear Reactors, by H. A. Kierstedt; Fused Salts as 
Thermonuclear Reactor Breeder Blankets, by D. M. 
Gruen; Metal Vapour Pumping, by R. V. Neidigh, and 
Sputtering of Copper by Ions of Various Energies, by 
O. C. Yonts. 


Kierstedt considers the capacity of the blanket 
surrounding a thermonuclear reactor to act as a 
radiation shield; this is important since it can reduce 
the appreciable radiation-induced resistivity increase 
of the magnet coils. Damage problems in the reaction 
tube are briefly considered. Gruen suggests the use of 
molten LiNO, or LiNOs, or slurries of Li,O in one of 
these, for thermonuclear breeder blankets; these 
would have also to incorporate a neutron multiplier 
such as a dissolved beryllium salt. The probable 
properties of such systems are discussed, and necessary 
research considered. Neidigh’s paper gives the results 
of experience of final-stage pumps based upon the 
vaporization of titanium wires wrapped on tantalum 
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filaments. Data on vacuum obtainable (2 x 10-§ mm 
of mercury in the system described), pumping speeds 
and degassing behaviour are included. Yonts’ brief 
paper is concerned with the rate of sputtering of 
copper by A+, He+ and D+ ions of sharply defined 
energies. The results are expressed in terms of an 
undefined ‘‘sputtering ratio’’. 

R. W. CAHN 


Evuery R. Fospick (Compiler), AHC Hot 
Cells and Related Facilities. (USAEC, May 1958. 
Obtainable from Office of Technical Services, 
Department of Commerce, Washington 25, 
D.C at Saya 


Frank Riva, Jr., (Compiler), Siath Hot Labor- 
atories and Equipment Conference. (USAEC, 
April 1959. Obtainable from Office of Technical 
Services, Department of Commerce, Washington 
PAiial BA Oar sic we Bas © 


The first of these volumes provides a connected 
account of a wide range of hot cells for chemical 
processing, remote metallography, examination of 
irradiated materials, etc. It is stated that detailed 
engineering drawings of these hot cells can be obtained 
from the Technical Information Service Extension, 
USAKC, PO Box 62, Oak Ridge, Tenn. 


The second volume contains 18 papers on specific 
problems. These deal with such subjects as corrosion 
testing of irradiated samples, remote density measure- 
ment, remote metallography, etc. A paper on safety 
precautions analyses in some detail the course of a 
serious accident involving radioactivity, and derives 
recommendation on the basis of this experience. 
Another paper presents detailed information on the 
use of bakelite-graphite mixtures to render metallo- 
graphic mounts conducting to any desired degree. 


R. W. CAHN 
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